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Abstract 
Shape memory alloys exhibit interesting and useful properties, such as the shape 
memory effect and superelasticity. Among the many alloy families that have been 
shown to exhibit shape memory properties the ones based on copper are interesting 
because they are relatively inexpensive and show excellent properties when made as 
single crystals. However, the performance of these alloys is severely compromised by 
the introduction of grain boundaries, to the point where they are too poor for 
commercial applications. This thesis studies the mechanical properties of fine Cu-
based wires with a bamboo microstructure, i.e., where triple junctions are absent and 
grain boundaries run perpendicular to the wire axis. These microwires are not single 
crystals, but their microstructure is not as complex as that of polycrystals either: we 
call this new class of shape memory alloys oligocrystals. This thesis seeks to better 
understand the relationship between microstructure and properties in these alloys 
through a combination of mechanical testing, in situ experiments and modeling. First, 
in situ scanning electron microscopy, together with finite element modeling, is used to 
understand the role of grain constraint on the martensitic transformation. Grain 
constraints are observed to be much less severe in oligocrystalline wires as compared 
to polycrystals. Oligocrystalline microwires are then thermomechanically tested and 
shown to exhibit excellent properties that approach those of single crystals. Next, 
property evolution during cycling is investigated, revealing training effects as well as 
fatigue life and fracture. Finally, size effects in damping and transformation 
morphology are studied and it is shown that a transition from a many-domain to a 
single domain martensite morphology takes place when the wire diameter is 
decreased. 
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Chapter 1:  Introduction 
The shape memory effect was initially reported in 1951 by Chang and Read who 
studied the Au-Cd alloy [1]. Since then shape memory behavior has been 
demonstrated in numerous alloy families such as Ni-Ti [2, 3], Ni-Ti-Cu [4], Cu-Al-Ni 
[5, 6], Cu-Zn-Al [7], Cu-Mn-Al [8, 9], Fe-Mn-Si [10, 11] and Ni-Mn-Ga [12, 13]. 
Much of the thermodynamic and crystallographic theory of the martensitic phase 
transformation in these materials was developed in the 1970s [14-16] and early 
attempts at commercial applications were made in the 1980s [17-19]. In this chapter, 
fundamental aspects of shape memory alloys and the current state of the field are 
described. 
1.1 Thermomechanical behavior of shape memory alloys  
1.1.1 Crystallography and microstructure 
Shape memory alloys (SMAs) are characterized by a solid-to-solid reversible phase 
transformation between a higher temperature phase, called austenite, and a lower 
temperature phase, called martensite [14-16, 20]. In most SMAs austenite exhibits a 
superlattice structure with the sublattices being body-centered cubic (bcc) [21, 22]. 
Examples of three such structures, found in Cu-Zn-Al, are shown in Fig. 1.1a. These 
three crystal structures, named L21, DO3 and B2, differ only by their degree of 
ordering; they have all been observed in Cu-Zn-Al depending on composition and 
heat treatment [23]. The space group of L21 and DO3 is Fm3m whereas that of B2 is 
Pm3m. The crystal structure of martensite is one of lower symmetry, such as 
orthorhombic or monoclinic, and is most commonly described in terms of the periodic 
stacking of atomic planes [24]. Fig 1.1b shows an example of a representation of the 
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monoclinic crystal structure commonly found in Cu-Zn-Al [24]. Depending on 
composition and the crystal structure of the high temperature phase the angle  may 
be 90 or slightly different and the stacking periodicity may be 9 or 18, leading to 9R, 
M9R, 18R or M18R long-period stacking order martensites [24-27].  
 
Because the lattice of the higher temperature austenite has higher crystallographic 
symmetry than that of the lower temperature martensite there are multiple symmetry-
related variants of martensite. Again using Cu-Zn-Al as an example, austenite may 
transform into twelve different variants of martensite [28]. Often, the entire crystal 
does not transform from the austenite to a single variant of martensite, but rather to a 
complex arrangement of different variants. Fig. 1.1c shows an example of martensite 
microstructure in a Cu-Zn single crystal where a few reference scratches were 
intentionally prescribed on the flat surface before the martensite was formed [16]. The 
invariant plane strain surface tilt for each martensite plate can be seen and the 
microstructure is observed to consist of pairs of martensite wedges, the aggregate of 
which gives the appearance of an overall diamond-like morphology. It is to be noted 
that although each long scratch is locally deviated, or sheared, across an individual 
plate the scratch AB as a whole is on average undeviated throughout the entire field of 
view.  That   is,   if   a  particular  plate  produces   an   ‘up’  displacement   the   adjacent  plate  
produces   a   ‘down’   displacement   to   annul   the   first   and   the   two   plates   self-
accommodate each other [16].  
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In Fig. 1.1c martensite was formed by nucleation and growth when a crystal of 
austenite was cooled into a temperature range where martensite was stable; martensite 
was thermally induced. At isothermal conditions a mechanical force may also trigger 
the phase transformation, in which case martensite is said to be stress-induced. The 
applications of thermal or mechanical stimuli to provoke shape change are closely 
related to the shape memory effect (SME) and superelasticity1 (SE), respectively. 
Both are phenomena of practical importance and will be described in the following 
two paragraphs.  
                                                 
1 Also called pseudoelasticity 
Figure 1.1  Examples of crystal structures found in Cu-Zn-Al (a) austenite [23] and (b) 
martensite [24] and (c) an optical micrograph showing the surface of martensitic Cu-Zn 
where the line AB is a surface scratch intentionally prescribed before martensite was 
formed in the austenite [16]. 
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1.1.2 The shape memory effect 
Fig. 1.2 shows a schematic phase diagram in the stress-temperature space where red 
atoms indicate an austenite structure and blue atoms indicate martensite structure. In 
other words, austenite is the stable phase to the right of the four parallel black lines 
and martensite is the stable phase to the left of these lines. For the shape memory 
effect, a material first undergoes the martensitic transformation when cooled from 
austenite to martensite, i.e., the lines are crossed along the green horizontal arrow. 
When the temperature is lowered, the first martensite plates are formed at the 
martensite start temperature (Ms) and the material is fully transformed to martensite 
when the martensite finish temperature (Mf) is reached.  Unless the material has been 
trained (which will be explained at the end of this paragraph) the martensite variants 
will arrange themselves in such a way that there is little or no macroscopic shape 
change, even though each atom moved locally during cooling. This is schematized by 
the martensite structure in the lower left corner of the phase diagram. The phase 
microstructure, often a complex arrangement of several variants, is known as self-
accommodating. This is the structure shown in Fig. 1.1c where the self-
accommodation is observed to leave the line AB macroscopically undistorted.  
 
When a martensitic material is subjected to deformation, i.e., application of a stress 
field, the crystal may simply rearrange variants and make a new microstructure or it 
may deform by conventional plastic deformation [28]. Because the different variants 
all have the same chemical energy SMAs prefer the former [28] as long as the stress 
is low. This rearrangement of variants, resulting in significant macroscopic shape 
change, is shown schematically in Fig. 1.2 as a transmutation from a two-variant to a 
one-variant structure. The deformed configuration is conserved when the external 
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force is removed, as indicated by the one-directionality of the black arrow. If the 
material is now heated to the temperature range where austenite is stable, the unique 
austenite lattice is recovered and hence the original macroscopic shape. Similarly to 
the forward transformation from austenite to martensite, this reverse transformation, 
too, takes place over a temperature range: it starts at the austenite start temperature, 
As, and terminates at the austenite finish temperature, Af. As a practical example of 
the shape memory effect, Fig. 1.3a shows martensitic Ni-Ti wire shaped into a small-
diameter tube at room temperature [29]. When the wire is heated into the austenite 
region the tube expands and eventually recovers a pre-determined large-diameter 
shape.  This  phenomenon,  where  the  material  ‘remembers’  its  original  shape,  is  what  
gave these alloys their name [30]. The concept shown in Fig. 1.3a is used in self-
expanding stents, which is the most successful area of commercial use of SMAs today 
[18]. 
 
Some alloys also exhibit a closely related phenomenon called two-way memory effect 
(TWME). In the TWME the material not only remembers its high temperature shape, 
but also its low temperature shape, i.e., a spontaneous shape change also occurs upon 
cooling. This effect, however, is not an inherent material property such as the SME 
and relies on the formation of an asymmetric microstructure where certain martensite 
plates nucleate and grow preferentially, i.e., the thermally induced martensite is not 
self-accommodating. Such microstructure is commonly introduced through one or 
more thermomechanical steps, called training, where the transformation is repeatedly 
induced. Training will be discussed in more detail in Section 4.5. 
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1.1.3 Superelasticity 
Superelasticity is the term used to describe transformation along the vertical green 
arrow in Fig. 1.2. At a constant temperature where austenite is the stable phase, the 
martensitic transformation is now triggered by stress. When the external stress is 
removed martensite reverts to austenite and the macroscopic deformation is 
recovered. It is to be noted that if the stress to induce martensite exceeds the critical 
stress for slip, traditional plastic deformation occurs. Superelasticity is therefore only 
possible in a relatively small temperature range above Af. Similarly to thermal 
transformation both the forward and reverse transformation occur gradually: the 
Figure 1.2 Schematic phase diagram of shape memory alloy in the stress-temperature 
space. Transformation temperatures (Mf, Ms, As and Af) and transformation stresses (Mf, 
Ms, As andAf) are discussed in the text.  
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forward transformation starts at the martensite start stress, Ms, and comes to a 
completion at the higher martensite finish stress, Mf ; the reverse transformation 
starts at the austenite start stress, As, and finishes at the austenite finish stress, Af. 
Furthermore, we note that As  Mf and Af  Ms so it is clear that a complete 
transformation cycle always shows hysteresis. Hysteresis is related to thermodynamic 
irreversibility and reflects energy dissipated as heat due to frictional work spent on 
moving the austenite/martensite interface [31]. Fig. 1.3b shows several stress-strain 
curves of single crystalline Cu-Al-Ni, tested in pure tension [32]. The different curves 
are from the same specimen tested along different directions; crystallographic 
orientation for each test is indicated by the inverse pole figure. It is observed that 
transformation strains vary from about 4 to 9 % and the transformation stresses vary 
from about 150 to 350 MPa depending   on   orientation.   In   addition,   both   Young’s  
modulus and hysteresis size depend on orientation [32]. 
 
Figure 1.3 (a) Cylinder of Ni-Ti wire initially in the martensite phase expands when 
subjected to heating, and thereby showing the shape memory effect [29]. (b) Superelastic 
stress strain curves of single crystalline Cu-Al-Ni tested in tension along different 
crystallographic orientations [32].  
 
Heating
(a) (b)
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1.2 Cu-based shape memory alloys 
The Cu-based alloys have interesting characteristics that are not found in Ni-Ti - 
currently the only commercially available SMA [18, 33] - such as ease of welding and 
high electronic and thermal conductivities [34]. More importantly, however, the Cu-
based alloys are less expensive than Ni-Ti both when it comes to materials costs as 
well as for processing costs [35]: the Cu-based alloys require much less processing 
control to show reliable SMA properties than what is the case for Ni-Ti [36]. The 
promise of low cost SMAs is why Cu-based alloys are still a topic of active research. 
In Section 1.1 the behavior of SMAs was described in general terms and for single 
crystals. Practically, however, the behavior of all SMAs is extremely sensitive to 
microstructure and for the Cu-based alloys the most important microstructural feature 
with regard to performance is the grain boundary. The behavior of polycrystals is 
therefore very different from that of single crystals and, as will be shown, the 
deficiency of Cu-based SMA polycrystals is why these alloy families have not found 
commercial applications. 
1.2.1 Single crystals and polycrystals 
Single crystals of the Cu-based SMAs exhibit excellent properties, including large 
recoverable strain, low stress to induce martensite and acceptable fatigue life [37]. An 
example of a single crystalline superelastic stress-strain curve from the work of 
Otsuka et al. on Cu-Al-Ni is shown in Fig. 1.4b [6].  
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When going from single crystals to polycrystals, however, the performance of all Cu-
based alloys is compromised; the amount of recoverable strain is reduced to only 1-2 
% [38], large residual strains accompany the transformation [42] and fatigue life is 
very low [39]. An example of this from the work of Sakamoto et al. [38] is shown in 
Fig. 1.4a. Fracture in this Cu-Al-Ni alloy occurs after only 4 % strain as opposed to 
the more than 10 % reversible strain obtained in the single crystal. The image in Fig. 
1.4c from a similar study on Cu-Zn-Al reveals that such fractures are usually 
intergranular [39]. This is believed to occur in the Cu-based alloys because of the 
large anisotropy of their transformation strains, resulting in strain incompatibility at 
grain boundaries. What is more, the build-up of stress concentrations that ensue [14] 
is not unique to superelastic properties, but pertain to all shape memory properties. As 
a second examples of the deficiency of polycrystals Fig. 1.4d compares low cycle 
Figure 1.4 Stress strain curves of (a) polycrystalline [38] and (b) single crystalline [6] Cu-
Al-Ni. (c) Optical micrograph of intergranular fracture in polycrystalline Cu-Zn-Al after 
fatigue failure [39] and (d) low cycle fatigue life of single crystalline [37] and 
polycrystalline [39] Cu-Zn-Al as well as data from Ni-Ti [40, 41]. 
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fatigue life of single crystals [37] and polycrystals [39] of Cu-Zn-Al with Ni-Ti [40, 
41]; the single crystals are on par, or even outperform commercially available Ni-Ti 
but their polycrystalline counterparts exhibit fatigue life several orders of magnitude 
lower.  Together, the very high processing costs associated with single crystal 
production, and this deficiency of polycrystalline materials, this class of SMAs is 
generally ruled out for most SMA applications. 
1.2.2 Oligocrystals 
Materials with low numbers of grains relative to their volume are intermediate to 
single and polycrystals; they are oligocrystals2 [43]. In such structures, where the total 
free surface area is large relative to the total grain boundary area, incompatibilities 
between grains are reduced. Fig. 1.5 shows two examples of oligocrystalline 
structures, which include fine fibers with a bamboo grain structure, or foams where 
the struts are bamboo or single crystalline. The grain size is comparable to 
characteristic lengths, such as wire or strut diameter, the number of grain boundaries 
is reduced and triple junctions are few or completely absent. Thin films and 
composite structures of wires, foams or films, also fall under the concept of 
oligocrystals but are not discussed here because of their limited experimental 
validation [44]. 
                                                 
2 Oligo means few in Greek 
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In oligocrystalline shape memory alloys (oSMAs), many of the rigid grain boundaries 
where stress concentrations build up during the martensitic transformation are 
replaced by free surfaces, resulting in a less constrained structure where each grain 
may transform like an almost-unconstrained single crystal. This is, of course, 
especially interesting for the Cu-based alloys, in which grain boundaries are highly 
undesirable. Unlike single crystals, however, oligocrystals are not, a priori, limited to 
small structures, but could be fabricated at large scales and thus trigger a much larger 
set of potential applications. 
 
The experimental viability of oligocrystals has been demonstrated in a few recent 
studies [44-47]. Of highest relevance to this thesis are the studies on wires with 
bamboo grain structure, which have been reported in both Cu-Al-Ni [45, 47] and Cu-
Mn-Al [8, 9]. Chen et al. [45] showed superelastic strains of up to 6.9 % in wires with 
Figure 1.5 Schematic of oligocrystalline structures with crystallographic orientations 
illustrated with various gray shades. On the left, the grains in a wire are stacked on top of 
each other in a bamboo structure; on the right, the struts in a foam form a similar structure. 
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diameters below 100 microns and Sutou et al. [9] showed similar strains in wires with 
a diameter of 1 mm. Furthermore, the magnetic-field-induced strain (MFIS) was 
found to increase from near-zero to 2-8.7 % in Ni-Mn-Ga magnetic SMA foams with 
a hierarchical pore structure as compared to their bulk counterparts [46]. Cu-Zn-Al 
open cell foams, too, show some promise, although most studies to date are on foams 
with rather large struts [48, 49].  
 
In all the cases above the performance of the oligocrystalline structures is superior to 
their bulk polycrystalline counterparts, approaching single crystal-like properties. The 
studies, however, are very few in number and restricted to simple mechanical testing. 
Systematic experimental and computational studies are needed to thoroughly 
understand the structure-property relationship in oSMAs and thereby fully appreciate 
their true potential.  
1.3 Size effects in shape memory alloys  
Several aspects of the reversible martensitic phase transformation in shape memory 
alloys (SMAs) have been found to depend on sample size [44, 50-57]; their response 
change when  a  ‘characteristic  length’ (e.g. grain size or pillar diameter) related to the 
mechanics of the phase transformation interacts with a sample size parameter. The 
production of an oligocrystalline structure generally requires significant reduction of 
one or more of the sample dimensions. The study of oSMAs therefore is naturally 
associated with the exploration of sample size effects upon the martensitic phase 
transformation and shape memory properties. 
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Perhaps the most well known example a size effect in martensitic materials is the 
suppression of martensite at small scales [58, 59]. For example, in Fe-Ni powders 
subjected to quenching through the transformation temperature, the probability of 
martensite formation decreases with decreasing particle diameter in the micron range 
[60]. Furthermore, for bulk polycrystalline materials, transformation temperatures and 
critical stresses are generally independent of grain size, d, when it is greater than 100 
m, but change when d decreases below this size. For example, measurements have 
shown that Ms decreases with decreasing grain size in Fe–Ni–C [61, 62], Fe–Pd [63], 
Cu–Zn–Al [64], Cu–Al–Ni [65] and Cu–Al–Mn [66]. In wires and sheets where the 
diameter or thickness, D, is at the millimeter scale, the stress to induce martensite 
increases with a decreasing ratio d/D in Cu–Al–Ni [67], Cu–Al–Mn [9], Cu–Al–Be 
[68, 69], Cu–Zn–Al [42], Cu-Zn–Sn [70] and Ti–Ni–Zr [71]. In all these cases, the 
decrease in Ms and the increase in Ms both suggest that martensite formation is, 
partially or completely, suppressed at smaller relative grain sizes, which reflects 
increasing grain constraint that apparently opposes the nucleation of martensite from 
the austenite matrix [47]. At very small scales superelasticity and shape memory are 
completely suppressed and studies employing different experimental techniques 
report various critical sizes for martensite nucleation [72, 73]. Fig. 1.6a shows an 
example of this from the work of Waitz et al. on Ni-Ti where the size of the grains is 
in the range from 5 to 150 nm [74].  The TEM bright-field image shows that 
martensitic grains of sizes less than 50 nm are not encountered even after quenching 
in liquid nitrogen. 
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Hysteresis size, or energy dissipation, provides another example of a sample size 
effect in SMAs. For example, Araya et al. [68] showed that in Cu–Al–Be wires with 
D = 0.5 mm, hysteresis size remains nearly constant when d decreases from 300 to 
100 m, but starts to decline below this point. Similar behavior was observed in Cu–
Al–Mn sheets [76] and wires [77] where the decrease in damping at smaller d/D was 
attributed to three-dimensional grain constraint [76, 77]. Conversely, when d 
approaches D, the constraint is considerably released, leading to increased damping. 
The highest damping is observed when d = D, i.e. in sheets with a columnar grain 
structure, or in wires with a bamboo grain structure. At smaller scales, hysteresis size 
(d)
(a) (b)
(c)
Figure 1.6 Examples of size effects in shape memory alloys. (a) Bright field transmission 
electron micrograph showing nanocrystalline Ni-Ti with grain size ranging from 5 to 150 
nm. Martensite is not found in grains smaller than 50 nm [74]. (b) Figure of merit to 
optimize high damping and stiffness for different materials, including Cu-Al-Ni nanopillars 
[75]. (c) Dependence of the stress hysteresis  on sample diameter D [47]. (d) Optical 
micrograph of twins (coloured bands, made visible by cross-polarization), extending 
entirely from pore-to-pore (white) [46]. 
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has been studied by micro-compression tests of single crystal pillars. Norfleet et al. 
[78] showed that in the first test cycle a 5 m Ni-Ti pillar had almost the same Ms 
but higher reverse transformation stresses as compared to a 20 m Ni-Ti pillar, and 
suggested that the smaller pillar might have less substructure to restrain the reverse 
transformation; the results averaged over multiple cycles, however, did not exhibit 
apparent size effects. In the work of Frick et al. [54, 79], critical stresses for both 
forward and reverse transformations in Ni-Ti pillars decreased as D was reduced from 
~2 to ~1 m; when D further decreased into the submicron regime, the superelastic 
behavior gradually diminished.  
 
On the other hand, hysteresis size in Cu–Al–Ni was reported to be much higher in 
submicron pillars than in bulk single crystals of the same composition; the increased 
damping was here attributed to the release of elastic transformation strains at the pillar 
surface and the resulting delay in the reverse transformation [75, 80]. In Fig 1.6b 
various materials are compared on the basis of their structural damping merits. The 
outstanding points are those on the right, those for micro- and submicrometre pillars 
with a figure of merit of more than double that of the corresponding bulk single 
crystals of Cu–Al– Ni, and well above other high performing bulk materials [75]. 
 
Although the studies on oSMAs are very few, sample size effects have been found in 
two cases. Firstly, Chen and Schuh found that the superelastic hysteresis in Cu-Al-Ni 
wires with a bamboo grain structure increased dramatically as the diameter was 
reduced from ~100 to ~20 µm [47]. This is shown in Fig 1.6c where data on 
microwires is compared to the abovementioned nanopillars and a large single crystal 
of similar composition. Their analysis of various possible physical origins of this 
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effect concluded that free surfaces enhanced the internal frictional work associated 
with moving the martensite/austenite phase boundaries. Based on this insight, a 
nonlocal continuum-mechanical model was developed by Qiao et al. [81] and was 
able to reproduce the size-dependence of superelastic stress-strain curves in 
nanopillars. Secondly, in Ni-Mn-Ga, a magnetic SMA, a hierarchical pore structure 
was found to increase the magnetic field induced strain (MFIS) from near-zero to 2-
8.2 % [44, 46]. Fig. 1.6d shows an optical micrograph of such a Ni-Mn-Ga foam 
where martensite twins (colored bands) extend entirely from pore to pore (white). 
 
In spite of the experimental and computational studies above, to date, little is known 
about the underlying mechanism behind size effects in SMAs. In addition, several 
characteristic lengths are often changed simultaneously and experimental techniques 
vary between studies. The extension to other alloy systems and experimental 
techniques is needed in order to improve our understanding of shape memory 
materials at small scales. 
1.4 In situ studies of the martensitic transformation 
In situ observations of the phase transformation are interesting because they can relate 
transformation morphology to thermomechanical properties and material 
microstructure. At the millimeter scale optical microscopy (OM) [82-85], digital 
image correlation [86-88] and thermal observations with an infrared camera [89, 90] 
are frequently used. At the nanometer size scale, too, SMAs have been studied with in 
situ transmission electron microscopy (TEM) [91-96]. 
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In large single crystals loaded uniaxially the evolution of martensite plates is observed 
to be one of nucleation, growth (both perpendicular and parallel to the loading axis) 
and coalescence of plates [82]. The transformation also appears to be hierarchical, 
meaning that larger macroscopic bands grow by the nucleation of a myriad of smaller 
plates at the transformation front [97]. Fig. 1.7a shows images form a tensile test of a 
single crystalline bar of Cu-Al-Ni from the work of Ichinose et al. [98]. Martensite is 
nucleated at both ends of the specimen (near the grips) and as further deformation is 
imposed these domains grow towards the middle and eventually coalesce. Fig. 1.7b 
shows martensite morphology of a different single crystalline bar of Cu-Al-Ni, but 
this time at a higher magnification [6]. The tensile direction is horizontal and the 
austenite/martensite interface grows from the right to the left. As can be seen, the 
interface, which appeared sharp and discrete at the macroscopic level, is composed of 
many fine martensite plates and, in this case, they grow both parallel and 
perpendicular to the interface. 
 
The few studies on polycrystals speak of a very complicated morphology and stress 
field [82, 83]. For example, in Cu-Zn-Al and Ni-Ti a myriad of small plates of 
different variants can be found within a single grain and variants in adjacent grains 
can couple [82, 83]. Furthermore, the amount of martensite that is observed to form is 
limited  by  ‘locking’ of the variant structure as sequential grain transformation occurs 
[83]. Fig. 1.7c, from the work of Brinson et al. [83] shows the evolution of martensite 
as polycrystalline Ni-Ti is loaded to about 2 %. It can be seen that some grains remain 
untransformed, that different variants are introduced in different grains and that two 
different  variants  can  exist  and  even  ‘cross’  in  the  same  grain  (highlighted  grain).  At  
the nanometer size scale, also, SMAs have been studied in situ using transmission 
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electron microscopy (TEM), for example to investigate the suppression of phase 
transformation indicated by ex situ mechanical measurements [72]. The technique has 
also been employed to study the morphological evolution of martensite plates as they 
nucleate and grow and how this evolution is affected by dislocations [91, 99] grain 
boundaries [100] and precipitates [101-103]. Lastly, in situ studies have been used to 
study interfaces [104], determining selection rules for stress-induced martensite 
phases and variants [93, 105-107] and observe dislocation substructure evolution 
during cycling [92, 108-110]. 
 
Figure 1.7 Series of micrographs showing stress-induced transformation of (a) single 
crystalline Cu-Al-Ni [98], (b) single crystalline Cu-Al-Ni [6] and (c) polycrystalline Ni-Ti 
[83]. 
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In the size range between what can be captured with TEM (nm) and OM (mm), 
however, there is a general lack of in situ studies on the morphology and kinematics 
of the martensitic transformation in SMAs. Additionally, the large gap in complexity 
between single- and polycrystalline transformation complicates the interpretation of 
how individual microstructural attributes affect morphology. Furthermore, free 
surfaces effects, although ubiquitous, are often ignored in TEM studies and are 
expected to play only a minor role in millimeter size samples, and thus remain 
essentially unexplored in superelastic SMAs.  This again connects to the array of size 
effects seen in samples with dimensions of a few to a few hundred m, where surface 
effects may be significant but their role is speculative at present.  Based on the above, 
it is clear that detailed mechanical in situ studies in the micron range are needed. 
1.5 Research objectives and outline of thesis 
The discussion above suggests that our current understanding of oligocrystalline 
shape memory alloys is incomplete and a number of possible opportunities exist for 
the advancement of the field. In particular, the few studies to date have only 
demonstrated the viability of oSMAs through a limited number of thermomechanical 
experiments and alloys and many open research areas exist. A central aim of the 
present work is to correlate thermomechanical experiments with in situ observations, 
specifically in hopes of (1) correlating mechanical properties and microstructure and 
(2) elucidating the underlying mechanisms that lead to size effects. Lastly, because of 
the promising commercial prospects of oSMAs owing to their low cost, this thesis 
will also focus on broadening our understanding of properties that are important for 
the development and optimization of oSMAs for applications as a new class of smart 
materials. 
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In order to address the issues outlined in the preceding paragraph, the present work is 
organized as follows: 
 
 Chapter 2: The Taylor liquid drawing technique is discussed as a 
potentially inexpensive, scalable and practical way of making fine shape 
memory wires. The grain structure and transformation temperatures of the 
wires used in this thesis are also presented. 
 Chapter 3: The morphology of the phase transformation is studied in 
different regions of the wire using in situ scanning electron microscopy. 
Furthermore, a finite element model is used to study grain constraint near 
grain boundaries and triple junctions. Finally, the shape memory effect and 
superelasticity are studied and compared with other microstructures. 
Mechanical behavior is correlated with observations from the in situ 
experiments and finite element modeling.  
 Chapter 4: The evolution of superelasticity and shape memory, as well as 
morphology, when the phase transformation is repeatedly induced is 
studied in Cu-Zn-Al microwires. Fatigue and fracture are investigated and 
results are compared to other shape memory alloys. 
 Chapter 5: Size effects in energy dissipation, phase transformation 
morphology and heat transfer are explored using Cu-Zn-Al and Cu-Al-Ni 
microwires with diameters spanning one order of magnitude. In situ 
observations in wires of different sizes are interpreted used to explain the 
size-dependence of superelastic hysteresis. 
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Chapter 2:  Processing and characterization of 
microwires 
All samples presented in this thesis were made using the Taylor liquid drawing 
technique where a metal wire is drawn directly from the melt. In this chapter the 
Taylor technique is described in detail and some wire characteristics common to all 
Cu-Zn-Al samples are shown. Details about particular experimental techniques and 
specific tests, as well as the Cu-Al-Ni alloy used, will be introduced when needed in 
subsequent chapters. 
2.1 The Taylor liquid drawing technique  
Because the Cu-based SMAs are brittle and suffer from intergranular fracture they are 
unsuited for conventional drawing techniques. The superelastic character of SMAs 
further complicates their processing. Among alternative approaches to producing 
wire, the Taylor liquid drawing technique is attractive because it involves drawing 
directly from the melt, thus also avoiding any problems related to the martensitic 
transformation. This technique was reported by Taylor as early as in 1924 [111] and 
since then several groups have improved and adapted it to a range of traditional 
metals and alloys such as Cu, Co-Mo and Ni-based alloys [112, 113]. Recently Chen 
et al. [45] adapted the method to SMAs, successfully producing wires of Cu-Al-Ni 
with diameters ranging from ~20 to ~500 µm.  
 
In this thesis, Cu-Zn-Al is used for most experiments, but Cu-Al-Ni is also made and 
chosen for certain tests. Cu-Zn-Al and Cu-Al-Ni are the most studied Cu-based alloys 
and they both show excellent properties in single crystalline form [6, 37]. In general, 
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their properties are similar but some differences exist, such as a lower critical stress 
for slip in Cu-Zn-Al [14]. The compositions of the two alloys used in subsequent 
chapters are Cu-22.9Zn-6.3Al (wt. %) and Cu-14Al-4Ni (wt. %). 
 
A schematic of the Taylor liquid drawing technique is shown in Fig. 2.1. Solid pieces 
of alloy are placed in a closed-end aluminosilicate glass tube with 4 mm inner 
diameter and a working temperature of ~1250 ºC. The inside of the tube is then 
subjected to low vacuum conditions and heated by an oxy-acetylene burner until the 
metal melts and the glass softens, at which point a glass capillary is drawn with the 
molten metal at its core. By varying the drawing speed we are able to produce wires 
with diameters ranging from ~20 to ~500 µm. To promote grain growth into the stable 
bamboo structure, the as-drawn wires (still in the glass sheath) are annealed in an 
argon atmosphere for 3 h at 800ºC and water quenched. The glass coating can then be 
removed by immersion in ~10 % diluted aqueous hydrofluoric acid.  
 
Figure 2.1 Schematic of the Taylor liquid drawing technique. For the purpose of this 
thesis the controlled atmosphere refers to low vacuum conditions. 
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Some modifications were made to the initial report by Chen et al. [45], such as the use 
of an aluminosilicate glass tube to minimize glass-alloy interaction as well as a longer 
annealing time to ensure the formation of a true oligocrystalline structure. After 
removal of the glass sheath some of the wires were electropolished in an electrolyte 
consisting of 67 % phosphoric acid and 33 % deionized water for 30-120 s depending 
on wire size. The electrolyte was stirred at 80 rpm, the electrodes were pure Cu and 
the polishing voltage was 2.8 V. Fig. 2.2 shows images of wires (a) after drawing, (b) 
after removal of the glass and (c) after electropolishing. 
 
Figure 2.2 (a) Optical micrograph of wire inside of glass sheath after drawing, (b) 
scanning electron micrograph of wire surface after glass removal and (c) scanning electron 
micrograph of smooth wire surface after electropolishing. 
 
 
 
37 
Fig. 2.3a shows a montaged optical micrograph of a typical fiber longitudinal cross 
section that was polished and etched in 50 % diluted nitric acid to reveal its 
microstructure. The wire exhibits a bamboo type structure where individual grains 
span the entire cross section and where grain boundaries are almost perpendicular to 
the fiber axis, i.e., the wire is oligocrystalline.  This particular wire is observed in a 
duplex condition (below the austenite finish temperature Af), and martensite plates 
spanning the entire cross section are therefore also visible, another signature of the 
oligocrystalline structure. Figs. 2.3b-d show transverse cross sections of three 
different wires, illustrating the variety of cross-sections that are produced using our 
synthesis approach; one of these wires (b) exhibits a roughly equiaxed cross-section 
while the others (c-d) exhibit more irregular shapes. Because of these geometrical 
differences scanning electron microscopy (SEM) was used to calculate the circular 
equivalent diameter, D, based on the cross-sectional area of each wire. Other 
geometrical features, such as the shortest axis, the longest axis and the perimeter were 
also measured in this way. These characteristic lengths will be discussed in Chapter 5.  
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2.2 Differential scanning calorimetry  
Transformation temperatures in SMAs can be tuned by changing chemical 
composition [114]. Relative to the transformation temperatures, however, mechanical 
properties are generally similar over a range of chemical compositions [14, 37]. The 
alloy composition was therefore primarily chosen to have transformation temperatures 
slightly below room temperature, so that superelastic testing could be performed 
inside of a scanning electron microscope without requiring temperature control. Fig. 
2.4 shows differential scanning calorimetry (Discovery DSC from TA instruments) 
curves of the Cu-Zn-Al alloy, obtained at a scanning rate of 10 Cmin-1.  The 
transformation temperatures, as indicated in the plot, are observed to be Af  25, As  
Figure 2.3 (a) Montaged optical micrograph showing a longitudinal cross section of a Cu-
Zn-Al wire with a bamboo grain structure. Martensite plates are observed in many of the 
grains, spanning the entire cross section of the wire. (b-d) Polished transverse cross 
sections of typical wires showing a variety of cross-sections. Arrows in (d) illustrate the 
long and short axes of the wire as discussed in Chapter 5. 
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9, Ms  8 and Mf  -6C (austenite finish and start, martensite start and finish, 
respectively).  
 
2.3 Electron backscatter diffraction 
Electron backscatter diffraction (EBSD) was performed on the surface of polished 
wires to determine texture and grain aspect ratio. At room temperature the material is 
austenitic and the diffraction bands were therefore matched to a reference B2 unit cell 
found in an alloy of similar composition from Ref. [115]. The microstructure of the 
wires presented here is generally one of a string of grains that meet at grain 
boundaries perpendicular to the wire axis, i.e. a bamboo microstructure. Fig. 2.5a 
shows an image of a wire with such microstructure, with diameter D and grain length 
along the wire axis, d. Fig. 2.5b shows inverse pole figures of two different wires. 
Each point in these figures represents the grain orientation of an individual grain in 
the wire axis direction. The poles appear approximately randomly distributed, within 
Figure 2.4 Heating and cooling differential scanning calorimetry (DSC) curves of Cu-Zn-
Al microwire with diameter of 65 µm showing transformation temperatures.   
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uncertainty at this level of limited statistics.  The cumulative distribution of grain 
aspect ratios, d/D, is shown for three different wires in Fig. 1c. The average aspect 
ratios are 3.7, 3 and 1.7 for the wires with diameters 24, 45 and 70 m, respectively. 
The number of data points is limited but there appears to be a trend towards larger 
aspect ratios in smaller wires. The average values are close to both experimental and 
simulated values in other annealed fine structures [116]. For example, simulations by 
Walton et al. showed a grain aspect ratio of 2.3 in thin-film strips [117] and annealed 
Cu-Al-Mn showed an average aspect ratio of up to 6 [9]. 
 
Figure 2.5 (a) Scanning electron micrograph of wire with bamboo grain structure and a 
diameter of 32 µm showing characteristic lengths. (b) Inverse pole figures of two wires 
where each pole represents crystal orientation along the wire axis for a particular grain. (c) 
Cumulative distributions of grain aspect ratios for three wires. 
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Chapter 3:  Grain constraint 
The idea of forming oligocrystalline SMA (oSMA) structures was proposed as an 
alternative to the single crystal and polycrystalline forms, with the intent of 
reproducing the desirable SMA properties of the former, without incurring the 
expense of processing single crystals. In this chapter we investigate the role of grain 
constraint on the martensitic transformation through in situ experiments, finite 
element simulations and thermomechanical testing. In 3.1 we present novel in situ 
scanning electron microscopy studies of single crystalline, grain boundary and triple 
junction regions of oligocrystalline microwires. In 3.2, we use a simple anisotropic 
finite element model to estimate the constraint effects on martensitic transformation 
near a grain boundary and a triple junction. In 3.3 the superelastic and shape 
memory behavior of both Cu-Al-Ni and Cu-Zn-Al oligocrystals are compared to their 
single and polycrystalline counterparts. 
3.1 In situ mechanical testing  
The martensitic transformation in SMAs is sensitive to material microstructure, such 
as grain orientation [32, 118], grain size [9, 68, 69] and grain boundary character 
[119]. For example, by varying only sample orientation the reversible superelastic 
strain in single crystals can vary between 4 and 8.3 % in Cu-Al-Ni [32]. Furthermore, 
fracture of Cu-Al-Ni bicrystals can be intergranular or transgranular depending on 
crystallographic misorientation [120]. Finally, both the size and shape of stress strain 
curves change with grain size [121].  
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While microstructure is important in all SMAs, the large anisotropy of their 
transformation strains renders the Cu-based alloys particularly sensitive. In this 
section we use electropolished Cu-Zn-Al microwires to investigate the morphology of 
stress-induced martensite as the degree of microstructural complexity is increased. 
We first present a series of in situ images of the stress-induced transformation from a 
single crystalline region, then from a region near a grain boundary and lastly near a 
triple junction. 
3.1.1 Methods 
The in situ tests were performed at room temperature using a deformation stage 
(Gatan Microtest 200) inside of a scanning electron microscope (JSM-6610LV SEM). 
The computer-controlled stage was operated in deformation mode and epoxy was 
used at the wire ends to ensure wire straightness and sound mechanical contact with 
the grips. All wires were tested in pure tension. The wire surface was monitored in 
situ during the test and deformation was interrupted at regular intervals to obtain high 
quality images as the wire transformed. The strain rate was 10-4 s-1;;   no   ‘dynamic’  
effects (e.g. variant redistribution) were observed between deformation interruption 
and image capturing. If not specifically mentioned images are from wires that have 
undergone 1-5 previous cycles. The gauge lengths for different wires were between 
10 and 15 mm. The imaged regions constituted 1-4 % of the full gauge length. 
3.1.2 Single crystal region 
Fig. 3.1 shows a previously uncycled wire with a diameter of 32 m and a typical 
bamboo grain structure: the grains have aspect ratios larger than one and the grain 
boundaries are nearly perpendicular to the wire axis. In this and subsequent figures 
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we have enhanced the contrast of the martensite phase for visual clarity; raw images 
of all figures in this section are found in Appendix A. As the wire is stretched a 
martensite plate is formed at the center grain boundary and grows towards the right in 
a monolithic fashion. Because the test temperature is very close to Af the reverse 
transformation was not observed upon unloading in this case.  
 
This wire shows many of the characteristic features of fine-scale bamboo-structure 
SMAs. First of all, the transformation is sequential owing to differences in grain 
orientation; some favorably oriented grains may fully transform while adjacent grains 
remain austenitic. Furthermore, the single crystalline region away from grain 
boundaries is unconstrained and fully transforms, i.e., there is no austenite left after 
the interface has passed in contrast to polycrystals where austenite only partially 
transforms  due   to   the  ‘locking’  of  a  variant  structure   [82, 83]. Grain boundaries, on 
the other hand, act as nucleation sites and the transformation is also more constrained 
there. While there appears to be no constraint at the center grain boundary due to the 
selection of a variant with habit plane parallel to the boundary (at least from our angle 
of observation), the region near the right boundary does not transform. Lastly, the 
transformation proceeds by nucleation and growth of a single martensite plate. This 
morphology is different from the more nucleation-dominated one in large single 
crystalline SMAs, which will be discussed in detail in Chapter 5. 
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3.1.3 Grain boundary region 
3.1.3.1 Finer wire 
Fig. 3.2 shows the evolution of martensite near a grain boundary in a wire with 
diameter 32 m. The first panel shows the wire before loading; in the second panel 
two martensite plates of the same variant have nucleated simultaneously; in the 
Figure 3.1 Stress-induced martensite morphology in wire with diameter of 32 m 
showing the local strain in the grain undergoing the transformation. 
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successive panels of Fig. 3.2 further deformation is imposed and more martensite is 
produced. As in Fig. 3.1, nucleation occurs near the grain boundary, but because the 
variant is inclined to the grain boundary (by ~20 ± 3° as measured at the wire center 
line) they only touch at a point on the top of the wire in the view of Fig. 3.2. As 
further deformation is imposed the two plates coalesce and the entire left grain, except 
for the region very close to the boundary is transformed. After the leftward-
propagating transformation has been exhausted, the phase interface near the grain 
boundary begins to advance to the right in panel (e).  However, a wedge of 
untransformed austenite remains preserved in this grain even as new martensite is 
nucleated in the right grain.  
 
Several observations from the final three panels of Fig. 3.2 are noteworthy. Firstly, 
the various martensite plates in the right grain in panel (e) are inclined differently to 
the wire axis from one another, which suggest that they are two different variants. The 
grain is likely near a symmetric orientation with the two variants, labeled M1 and M2 
in panel (e), having similar Schmidt factors (note that the apparent curvature of the 
interfaces is a viewing parallax issue). The bending caused by martensite formation 
elsewhere in the wire as well as the presence of the grain boundary probably also 
alters the local stress state, facilitating a multi variant morphology. Interestingly, as 
the wire gauge is increased from panel (e) to panel (f), M2 disappears, i.e. the part of 
the wire occupied by M2 in panel (e) transforms back to austenite, while M1 remains. 
However, whereas the location of the martensite plate in panel (f) is that of M1 in 
panel (e), the plate appears more like a hybrid of the two variants. The local angles, 
labeled a and b in panel (e), are measured to be 45 and 60 ± 3°, respectively and the 
local angle of the martensite plate in panel (f), c is 45 ± 3°. At the top of the wire the 
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local variant inclination is therefore similar to that of variant M1 in panel (e), whereas 
at the bottom it resembles that of variant M2.  
 
While the structure in the right grain develops the martensite morphology in the left 
grain continues to evolve.  Even at the full 6.3 % applied strain level, the region near 
the grain boundary resists transformation, which is apparently a result of grain 
boundary constraint upon the transformation shape change. However, as the applied 
strain increases the austenite/martensite interface is pushed towards the right, and 
accommodation of the constraint begins to trigger additional transformation events.   
In panels (e) and (f) we observe small plates that do not span the cross section and 
some that are even oriented at a different inclination from the main plate.  The 
observation that several variants are needed to accommodate the applied strain is 
direct evidence that the stress state near the grain boundary is different from the 
single-variant uniaxial loading condition that prevailed earlier in the test in the center 
of the left grain, 
 
The observations in Fig. 3.2 are very different from those in Fig. 3.1 and show how 
the transformation is effectively constrained at grain boundaries: higher stresses are 
needed to transform the grain boundary region and when it transforms it does so only 
partially. The sequence in Fig. 3.2 shows that it is easier for the specimen to transform 
in regions away from grain boundaries, so most of the early transformation strain is 
accommodated in grain interiors.   We conclude that even though grain boundaries are 
present in oSMAs, stress concentrations are not allowed to build up there in the same 
way as they are in conventional polycrystals. 
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Figure 3.2 Stress-induced martensite morphology near a grain boundary in a wire with a 
diameter of 32 m. The local strain is measured between the points indicated by two red 
circles in panel (a). M1 and M2 in panel (e) denote two different martensite variants in the 
right grain. The angles in panels (e-f) are a = 60, b = 45 and c = 45 ± 3°. The angles are 
local angles measured at the bottom of the wires; they do not correct for wire curvature. 
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3.1.3.2 Coarser wire 
Before we proceed to look at the transformation near a grain boundary in a large wire 
a few notes concerning the image enhancement are in order. Fig. 3.3 shows three 
versions of the same image. In (a) the raw image is presented and martensite plates 
can be distinguished, especially in the upper part of the right grain. In (b) we have 
increased their contrast by carefully tracking plates from earlier images at high 
magnification. In the center bottom part of the wire, although martensite plates can 
clearly be observed at higher magnification, the contrast is too low for accurate 
enhancement. In (c) we have increased the contrast in that region to reflect the overall 
microstructure, but it should be understood that the some interpretation has been 
introduced. In the images to follow, only plates that are clearly distinguishable from 
the austenite are enhanced, but it is understood that martensite also forms in the lower 
center region even though they are not clearly visible here. Raw images for all of the 
figures in this section are included in Appendix A. 
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Fig. 3.4 shows the evolution of martensite near a grain boundary in a wire with 
diameter 116 m during a full superelastic cycle. Panels (a-f) show the forward 
transformation while panels (g-j) show the reverse transformation. The maximum 
strain is reached in panel (f). Because the test temperature is very close to Af some 
Figure 3.3 Three versions of the same scanning electron micrograph. (a) Shows the raw 
image without contrast enhancement. In (b) we have enhanced the contrast of the 
martensite plates that are clearly distinguishable, tracking them from earlier images at less 
strain. In (c) we have enhanced the contrast of all martensite plates, even those that are not 
clearly distinguishable in the lower center part of the wire. 
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residual martensite plates, which are mostly in contact with the grain boundary, are 
present in the right grain both before and after loading. Some aspects of the 
transformation in the coarse wire are similar to what was observed in the fine wire. 
For example, we see that one grain (the right) starts transforming before the other and 
also that martensite is more stable in this grain during the reverse transformation. We 
also see that plates form at angles of 70 and 50 ± 3° (left and right grain, 
respectively) with the grain boundary plane and after nucleation they grow little or not 
at all. Plates away from the grain boundary, however, exhibit more growth. The plate 
angle is larger than what was the case in the finer wire and the area affected by the 
grain boundary is therefore larger too.  
 
There are also several differences between the fine and the coarse wire. The most 
striking feature of Fig. 3.4 is the large number of thin individual plates that are in 
contact with the grain boundary. These plates nucleate, but do not grow considerably 
or coalesce with their neighbors. Furthermore, in panel (f) a plate is formed in the 
right grain very close to the grain boundary and three thin plates of a different variant 
are observed in the left grain. This phenomenon, suggesting that it is preferable to 
nucleate  new  variants  ‘on  top  of’  the  old  ones  instead  of  growing  existing  ones  clearly  
speak of the confining effect of the grain boundary on the transformation. Lastly, the 
grain boundary region starts transforming before the adjacent single crystalline 
region, which may reflect the ease of nucleation there. On the other hand, as in the 
finer wire, the grain boundary region only transforms partially and further 
transformation is mostly accommodated by the regions away from the boundary.  
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Although some of the differences between the fine and the coarse wire can be 
ascribed to grain orientations the transformation seems, at least qualitatively, to be 
more constrained in the coarser wire. This conclusion is reasonable simply because 
there is more grain boundary area per wire length in coarser wires, even at identical 
grain aspect ratios. 
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Figure 3.4 Stress-induced martensite morphology near a grain boundary in a wire with a 
diameter of 116 m. Panels (a-f) are from the loading whereas panels (g-j) are from 
unloading. The local strain is measured between the points indicated by two red circles in 
panel (a). 
 
 
 
53 
3.1.4 Triple junction region 
The stable microstructure for annealed microwires is the bamboo structure observed 
in Figs. 3.1, 3.2 and 3.4. One large wire with a diameter of 150 m, however, 
contained a triple junction and the evolution of martensite during the loading part of a 
superelastic curve in this region is shown in Fig. 3.5. The tensile direction is 
horizontal and the triple junction joins two large bamboo-like grains (the lower left 
and  lower  right  grains)  and  one  small  ‘island’  grain  (the  upper  center  grain)  that  does  
not span the wire cross section. In panel (a) the wire is already under stress and 
martensite has been induced in two of the grains. In the three successive images the 
wire is further deformed and the martensite morphology evolves. The unloading part 
is not shown but the reverse transformation is similar to the forward one and the wire 
returns to austenite. In Fig. 3.5 we observe a large number of martensite nucleation 
events followed by some growth. The growth is very limited, however, and parallel 
plates do not grow sufficiently to connect with their neighbors. In fact, the 
transformation is only partial everywhere in the field of view and larger plates (in the 
lower right grain) even split into smaller plates as stress is increased from (b) to (c). In 
panel (c) of Fig. 3.5 a new variant appears in the lower left grain, much like the new 
variants observed near the grain boundary in Fig. 3.4. Interestingly, many new plates 
of this variant are observed in (d) and these appear to grow at the expense of the first 
variant. A similar crossing of variants is observed in the small upper center grain near 
the boundary. This complex morphology is similar to what is seen in polycrystalline 
samples where variants are commonly observed to cross and couple [82, 83]. 
Presumably the first variant has the most favorable orientation relative to the tension 
axis. However, as stresses build up due to the incompatibility of transformation 
strains at the grain boundaries, the strain energy penalty of that variant becomes too 
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large and another variant becomes more favorable. It is interesting to note that the 
first set of plates is formed to the left of the field of view and grows towards the triple 
junction. The second variant, on the contrary, is formed at the triple junction and grain 
boundaries and grows outwards and exhibits a spear-like morphology.  
 
Figure 3.5 Stress-induced martensite morphology near a triple junction in a wire with a 
diameter of 150 m. The tensile stress is in the horizontal direction and the wire is already 
under stress in the first panel. 
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3.1.5 Conclusions 
The in situ experiments presented in this section show that the martensite 
transformation morphology becomes more complex with increasing grain constraint. 
Near grain boundaries and triple junctions the transformation is only partial, meaning 
that several regions of austenite do not transform. After martensite nucleation close to 
a grain boundary, plate growth is very limited and parallel plates do not grow 
sufficiently to connect with their neighbors. Furthermore, the constraint around the 
triple junction appears to be higher than around grain boundaries as evidenced by the 
nucleation   of   a   second   variant   that   grows   to   ‘cross’   the   first   variant.   Lastly,   it   is  
observed that the heterogeneous phase transformation in oSMAs is sequential with 
respect to grain orientation and also with respect to grain boundary/single crystalline 
regions. The latter means that oligocrystalline SMAs accommodate deformation in 
single crystalline regions before significant transformation takes place near grain 
boundaries. Therefore, even though grain boundaries are present, stresses do not build 
up there in the same way as they do in conventional polycrystals because, rather than 
forcing transformation near grain boundaries, deformation can be accommodated in 
unconstrained single crystal regions. 
3.2 Constraints at triple junctions and grain boundaries 
The phase morphologies observed in previous paragraphs show that the martensitic 
transformation is more constrained near grain boundaries than away from them. The 
austenite near grain boundaries appears restricted from fully transforming and this 
leads to complex and even multi-variant martensite morphologies. What is more, the 
constraint appears to increase with increasing microstructural complexity as the triple 
junction replaces the grain boundary; the nucleation of a second martensite variant 
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from  grain  boundaries  in  the  vicinity  of  the  triple  junction,  which  grows  and  ‘crosses  
over’   the   first   variant,   hints   of   large   transformation-induced stress concentrations. 
These observations connect to studies on polycrystals where grains are constrained at 
all sides and the morphology is even more complex and multi-variant, partial 
transformation is commonly observed [82, 83]. The complex morphology in 
polycrystals too, has been related to local transformation-induced alterations in the 
stress field near grain boundaries [83]. 
 
Because grain size determines many key SMA properties, effort has gone into 
understanding the role of grain constraint and particularly when it comes to fracture 
[38, 122-125]. Although other mechanisms have been proposed, such as high elastic 
anisotropy and impurity segregation, it is believed that intergranular fracture in SMAs 
is caused by the large orientation-dependence of transformation strains [14, 38, 119, 
120, 123-125]. This viewpoint is supported by experimental studies demonstrating 
intergranular fracture upon martensitic transformations of large strain incompatibility 
[123, 124]. The multi-variant morphology observed in this and other studies also 
indirectly speak of stress concentrations due to grain constraint. These experimental 
observations suggest that grain constraint upon martensitic transformation leads to 
failure, but this is, however, not yet firmly established. 
 
In order to better understand the constraint effects on martensitic transformation near 
a grain boundary and a triple junction we perform simple three-dimensional, 
anisotropic finite element calculations. To this end we model Cu-Zn-Al, which 
transforms from a cubic austenite structure to a monoclinic martensite structure [126]. 
Twelve symmetrically related martensite variants and combinations of them are 
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possible [24]. Each martensite variant is related to the austenite crystal structure by a 
transformation strain matrix from crystallographic theory [126]. The modeled 
geometry is a wire with an aspect ratio of ten that is pinned at the bottom and free 
elsewhere. Fig. 8 shows schematics of the wire geometry, boundary conditions and 
mesh geometries for both the grain boundary and the triple junction. Three-
dimensional reduced-integration hexagonal elements are used and no stress is applied. 
 
We assign the grains random orientations, determine which variant in which grain 
will be induced using the principle of strain maximization [127] and assign that 
specific shape change to the entire top grain. Thus, we do not attempt to capture the 
Figure 3.6 Schematics showing the geometry and boundary conditions of (a) the grain 
boundary and (b) the triple junction.  Mesh around the (c) grain boundary and (d) triple 
junction. 
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full complexity of plate formation and stress localization around plates; we simply 
seek  to  understand  the  ‘fully  constrained’  problem  in  which  one  grain  bodily  changes  
shape when the other(s) do not.  The problem of stress distribution after the 
transformation is then solved as a linear elastic problem using the commercially 
available finite element software ABAQUS. The mesh size found by gradual 
refinement around the grain boundaries until the solution stabilized at around 20 000 
elements.  For these calculations the material stiffness matrix is taken from Ref. [128] 
and martensite transformation matrices from Refs. [126, 129].  
 
In Fig. 9 we show a typical result of these simulations, for a wire containing a grain 
boundary after the entire top grain has undergone the transformation. The images 
show the results as contours of tensile stress (the component along the wire axis and 
normal to the boundary) and von Mises stress at the wire surface and interior as well 
as at the wire midplane (the grain boundary plane). The focus here is on the rupture 
and distortional stresses because they commonly serve as failure criteria in brittle 
materials [130]. It can be seen that both stresses reach their maxima at the grain 
boundary plane and that they are highest near the wire surface. In fact the stresses 
relax very rapidly away from the grain boundary in the unconstrained regions. In Fig. 
10 we plot a typical result from one of the wires containing a triple junction, again 
with the contours showing stress values at the wire surface, interior and midplane 
(containing the triple junction line). In a and b we see that surface stresses are highest 
around the triple junction line; in c-f we observe that the high stresses are not just 
confined to the surface – as was the case for the grain boundary – but rather are highly 
concentrated around the triple line.  
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Figure 3.7 Stresses near grain boundary after the upper grain has transformed to 
martensite. The contours show stresses at the wire (a and b) surface, (c and d) interior and 
(e and f) sample midplane. The images on the left (a,c and e) show the wire von Mises 
stresses and the images on the right (d, d and f) show the von Mises stresses. The scale bar 
on the left correpend to the tensile stresses (a, c and e) and the scale bar on the right 
correspond to the von Mises stresses. 
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Figure 3.8 Stresses near triple junction after the upper grain has transformed to martensite. 
The contours show stresses at the wire (a and b) surface, (c and d) interior and (e and f) 
sample midplane. The images on the left (a,c and e) show the wire von Mises stresses and 
the images on the right (d, d and f) show the von Mises stresses. The scale bar on the left 
correpend to the tensile stresses (a, c and e) and the scale bar on the right correspond to the 
von Mises stresses. 
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The two examples shown here show that the martensitic transformation results in 
large stress concentrations near grain boundaries. Furthermore, they speak of the 
increased confinement around a triple junction as compared to a simple grain 
boundary. The stress field and amplitude, however, naturally depend on grain 
orientation. After performing 40 simulations like the ones above, however, we find 
that the conclusions above hold true for a distribution of random orientations. In Fig. 
11a and b we show the maximum von Mises and rupture (perpendicular to grain 
boundary) stresses for different grain orientations sorted in increasing order. When 
evaluating absolute stress values we integrate the output stresses over a characteristic 
area (5 % of the wire cross section) to avoid capturing any numerical stress 
singularities at the wire surface [131, 132]. The large strains of the martensitic 
transformation combined with the purely elastic material model are observed to result 
in very high stresses. Furthermore, the influence of grain misorientation is observed to 
be enormous, with stress concentrations varying between zero and several gigapascals 
for different simulations. Interestingly, the maximum distortional stresses near the 
triple junction are similar to those in the case of the grain boundary; shear stresses, 
due to expansion/contraction of the transforming grain, are high in both cases. The 
rupture stresses, however, are much higher at the triple junction than they are at the 
triple junction. Interestingly, rupture stress is used in the fracture toughness failure 
criterion for polycrystalline Ni-Ti containing a crack [86]. 
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3.3 Microstructure dependence on mechanical properties 
3.3.1 Methods 
Mechanical testing was performed in the as-prepared condition following removal of 
the glass sheath, without electropolishing (c.f. Fig. 2.2b). Experiments were 
conducted in tension under load-control using a dynamical mechanical analyzer 
equipped with a closed furnace (DMA Q800 from TA instruments). Each end of the 
wire was mounted in a plastic compound to form sound mechanical grips, which were 
Figure 3.9 Maximum (a) von mises and (b) rupture stresses at grain boundary (blue) and 
triple junction (red) from 40 simulations with different random grain orientations. 
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then clamped. The cross-head displacement was measured by a high resolution linear 
optical encoder within the instrument, with a nominal resolution of 1 nm. The gauge 
length varied between 2 - 5 mm for different wires.  
3.3.2 Superelasticity  
3.3.2.1 Cu-Al-Ni 
As mentioned in Chapter 1, the thermomechanical properties of single crystalline Cu-
based alloys are excellent as exemplified by the large reversible superelastic strain 
they can achieve; an example is shown in Fig. 3.10d, obtained in Cu-Al-Ni by Otsuka 
et al. [6]. In polycrystals, on the other hand, stress concentrations near grain 
boundaries and triple junctions during martensitic transformations frequently lead to 
early fracture. An example of this from the work of Sakamoto et al. is shown in Fig. 
3.10a [38]. Oligocrystalline SMA structures were proposed as a way of overcoming 
these limitations, and to reproduce the desirable SMA properties of single crystals 
without incurring their high processing cost. Fig. 3.10c shows an example of an 
oligocrystalline Cu-Al-Ni wire undergoing several consecutive superelastic cycles 
without failure. The inset shows the bamboo structure of such an oSMA wire, where 
grains span the entire wire cross-section and grain boundaries are generally 
perpendicular to the wire axis. Fig. 10 shows that the superelastic characteristics of 
the oligocrystal lie between those of the single crystal and the polycrystal, but 
approach more closely those of the single crystal. Furthermore, the observation that 
the strain is lower in the oligocrystal than in the single crystal appears rational, given 
the observations of plate morphology: in oSMAs the transformation is single crystal-
like away from grain boundaries, but more constrained near them. On average, this 
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then results in transformation strain amplitudes somewhere close to a weighted 
average of the two wire parts. 
 
More important than the transformation strain amplitudes, however, is the observation 
that the wire does not fracture. As discussed in Section 3.1, because grain boundaries 
are sparse and triple junctions are absent, there are very few places where 
transformation strain must be accommodated. Furthermore, because of the ability to 
postpone transformation near grain boundaries until all single crystal regions have 
transformed, the stresses at existing grain boundaries are considerably reduced. Each 
individual grain is therefore largely unconstrained and free to undergo the 
transformation as if it were a single crystal.  
 
However, oligocrystalline wires do not necessarily always have perfect bamboo grain 
structures, and can be compromised by the occasional presence of triple junctions. In 
Section 3.1 it was observed how the plate morphology became more complex around 
a triple junction than around a grain boundary and in Section 3.2 it was shown that 
rupture stresses increase with increasing grain constraint. In Fig. 3.10b the stress-
strain curves of a Cu-Al-Ni microwire with an imperfect bamboo structure are plotted.  
Unlike a bulk polycrystal, this wire exhibited some degree of reversible 
superelasticity.  However, it fractured during the fourth cycle and investigation after 
failure revealed a brittle intergranular fracture with clear evidence of a triple junction 
at the fracture surface (see the inset). The presence of a single triple junction can 
therefore potentially compromise the thermomechanical properties of an oSMA in 
some cases. This clearly has significant implications for the engineering scale-up of 
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long wires, foams, or other potential oligocrystalline structures, and calls for thorough 
study of weak-link physics in oSMAs.  
 
(B)  NEAR OLIGOCRYSTAL
(C)  OLIGOCRYSTAL
(D)  SINGLE CRYSTAL
(A)  POLYCRYSTAL
Figure 3.10 Stress-strain curves of (a) polycrystalline Cu-14.1Al-4.2Ni [38], (b) near 
oligocrystalline Cu-13.7Al-5Ni containing a triple junction (see the inset), (c) 
oligocrystalline Cu-13.7Al-5Ni and (d) single crystalline Cu-14Al-4Ni [6]. The schematics 
in the top right corner of each graph show the grain structure of each sample. 
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3.3.2.2 Cu-Zn-Al 
In the previous section the superelastic properties of oligocrystalline Cu-Al-Ni wires 
were compared to those of single crystals and polycrystals. The microwires were 
shown to exhibit single crystal-like superelasticity and thereby validate the proposal 
that the formation of an oligocrystalline microstructure can avoid intergranular 
fracture in these normally brittle materials.  To demonstrate the generality of this 
approach we here show the result from a similar experiment on a wire of a second 
alloy family. Fig. 3.11 shows the true stress-true strain curve of a Cu-Zn-Al 
microwire with a diameter of 54 m loaded in tension at a temperature of 50 ºC. The 
wire exhibits near perfect superelasticity with negligible residual strain. In bulk 
polycrystalline Cu-Zn-Al the largest reported reversible strain amplitude is only ~2 % 
[133, 134] with further straining being accompanied by large residual strains [135]. In 
contrast, the present oligocrystalline wire can be deformed reversibly to more than 6 
% strain because of its particular grain structure, where triple junctions are absent, the 
number density of grain boundaries is reduced, and transformation stresses can be 
relieved at free surfaces, effectively reducing transformation incompatibilities. 
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3.3.3 Stress assisted shape memory 
Constrained thermal cycling was performed on a Cu-Zn-Al alloy with a diameter of 
61  μm  in  order  to  reveal  the  stress-assisted two-way shape memory effect. This was 
done by applying a small preload (0.01 to 0.05 N, amounting to a stress level of 3 to 
17 MPa) and thermally cycling at a rate of 2 ºC/min. As shown in Fig. 3.12, 
elongation is recorded when transforming to martensite upon cooling and contraction 
upon reversion to austenite during heating. The transformation strain is completely 
recovered and the maximum strain increases from 4.5 to 6.4 % when the applied 
stress is increased from 3 to 17 MPa. The thermal hysteresis is ~18 ºC and the 
transformation temperatures are seen to increase with increasing load as described by 
the Clausius-Clapeyron equation. As in the case of superelasticity, the oligocrystalline 
microwires show much larger reversible shape memory strains than their 
polycrystalline counterparts [7, 136].  
Figure 3.11 Stress-strain curve of Cu-Zn-Al at 50 ºC. The wire has previously 
experienced four superelastic cycles. 
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3.3.4 Clausius-Clapeyron slope and phase diagram 
 
By calculating Ms for thermal cycles at different applied stresses (3, 10 and 17 MPa) 
we obtain a linear relation between temperature and stress,  𝜎௔→௠ = 2.3(𝑇 + 275), 
where 𝜎௔→௠  is the stress to induce martensite in MPa and T is the temperature in 
Kelvins. The value 2.3 MPa·K-1 is the slope of the Clausius-Clapeyron equation, and 
is consistent with prior values reported for similar Cu-Zn-Al alloys, e.g., 2.1 by 
Saburi et al. [137] and 2.35 by Chandrasekaran et al. [138]. Similar relations were 
obtained for Af, As and Mf, and by extrapolating to a condition of zero applied stress 
the characteristic transformation temperatures for the sample in Fig. 3.12 are 
obtained: Ms = -2, Mf = -10, As = 9 and Af = 15 ºC. The small discrepancy in 
transformation temperatures as compared to the DSC scan in Chapter 2 is likely 
related to the difference in experimental techniques, the electropolishing of the former 
Figure 3.12 Thermal cycling data for Cu-Zn-Al wire with a diameter of 61 μm at constant 
loads of 3 MPa and 17 MPa showing determination of Af. 
 
 
 
69 
sample and minor compositional differences [5, 114]. The Clapeyron slope for the 
austenite finish temperature (2.8 MPa·K-1) obtained from the sample in Fig. 3.12 is 
used to calculate Af for other superelastic wires by extrapolating from the end of the 
reverse transformation to a condition of zero stress.   
 
After undergoing constrained thermal cycling the wire discussed in the Section 3.1.2 
was subjected to superelastic test at four different temperatures above Af. For each 
test the stress at which martensite is first induced, am, was measured. Fig. 3.13 
shows a phase diagram of this wire constructed from both thermal (revealing Ms at 
different stress levels) and superelastic cycling (revealing am at different 
temperatures). 
 
Figure 3.13 Phase diagram showing martensite start temperature, Ms, at different stress 
levels. The circles were obtained by constrained thermal cycling at constant stress levels 
and the squares were obtained by superelastic cycling at different temperatures. 
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3.4 Conclusions 
This chapter shows that the formation of an oligocrystalline grain structure can 
alleviate the brittleness of Cu-based polycrystalline SMAs. The excellent performance 
of microwires with a bamboo grain structure is coupled with in situ experiments and 
finite element modeling. Here, three conclusions, pertaining to the relationship 
between structure and property, that rationalize the mechanical behavior of oSMAs 
are highlighted. 
 
 Finite element modeling suggests that transformation-induced stresses are 
higher near a triple junction than near a simple grain boundary. Furthermore, 
the martensitic transformation is observed to be more complex with increased 
grain constraint; the two-variant morphology observed speaks of high 
transformation-induced stresses at grain boundaries forming a triple junction. 
Lastly, a wire with a near-bamboo microstructure is shown to fracture 
intergranularly at the triple junction. The conclusion from all these 
observations is that triple junctions are more prone to fracture than simple 
grain boundaries. Triple junctions are therefore the microstructural feature that 
is most detrimental to mechanical properties in Cu-based SMAs and should be 
avoided. 
 Stresses build up when martensite transforms near a grain boundary and it is 
clear that simple grain boundaries too, are detrimental to shape memory 
properties in Cu-based SMAs, although to a less degree than triple junctions. 
The stress level and plate morphology depend strongly on grain orientation. 
The demonstration that wires with a bamboo grain structure can undergo 
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multiple superelastic and thermal cycles to large strains suggests that a small 
total area of grain boundary can be permitted while still avoiding fracture. 
 The sequential nature of the phase transformation with respect to regions near 
and away from grain boundaries is interpreted to reduce transformation-
induced stresses at grain boundaries. Regions near grain boundaries, where 
martensite formation and growth may lead to intergranular fracture, are 
allowed to only partially transform as long as parts of oSMAs are 
unconstrained and single crystal-like. Therefore, because the amount of 
transformation near grain boundaries can be very small as long as austenitic 
single crystal-like regions exist elsewhere in the wire, stresses may be 
significantly reduced. This is in contrast to conventional bulk polycrystals 
where   there   are   no   ‘easy’   regions   and   deformation   necessarily   must   be  
accommodated near boundaries and triple junctions. 
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Chapter 4:  Cycling, training and fatigue 
In Chapter 3 the thermomechanical properties of Cu-Al-Ni and Cu-Zn-Al microwires 
were presented and shown to be superior to any other Cu-based polycrystalline 
SMAs. However, there is as yet no data to suggest that the oligocrystalline structure 
can lead to stable shape memory and superelastic properties over many 
transformation cycles such as are required in SMA applications. Furthermore, in 
order to assess the true potential of oSMAs, a wide range of practically important 
properties needs to be explored. In this chapter the cyclic evolution of Cu-Zn-Al wires 
is investigated together with the practically important properties of training, un-
assisted shape memory, fatigue, and fracture. 
4.1 Methods 
Mechanical testing, including shape memory, superelasticity, and fatigue testing, was 
performed in the as-prepared condition following the removal of the glass sheath, 
without electropolishing. Testing was conducted in tension under load-control using a 
dynamic mechanical analyzer equipped with a closed furnace (DMA Q800 from TA 
instruments). Each end of the wire was mounted in a plastic compound to form sound 
mechanical grips, which were then clamped. The cross-head displacement was 
measured by a high resolution linear optical encoder within the instrument, with a 
nominal resolution of 1 nm. The gauge length varied between 2 - 5 mm for different 
wires.  
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4.2 Strain history dependence of superelasticity 
Fig. 4.1 shows the true stress-true strain curve for a Cu-Zn-Al wire with a diameter of 
54 m loaded in tension at increasing applied load levels, at a temperature of 50 ºC. 
The wire exhibits near perfect superelasticity with only a small accumulation of 
residual strain of 0.15 % after 5 cycles. In bulk polycrystalline Cu-Zn-Al the largest 
reported reversible strain amplitude is only ~2 % [133, 134] with further straining 
being accompanied by large residual strains [135]. In contrast, the present 
oligocrystalline wire can be deformed reversibly to more than 6 % strain because of 
its particular grain structure, where triple junctions are absent, the number density of 
grain boundaries is reduced, and transformation stresses can be relieved at free 
surfaces, effectively reducing transformation incompatibilities.  
 
Both the stress to induce martensite 𝜎௔→௠ and the reverse transformation stress 𝜎௠→௔ 
are observed to decrease with continued cycling of the applied load, and this change is 
Figure 4.1 True stress-true strain curves for Cu-Zn-Al wire with a diameter of 54 m at 
50 ºC obtained at increasing applied load levels. 
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most pronounced between the first and second cycles. In fact, there is an interesting 
pattern of stress evolution from one cycle to the next: the forward transformation 
occurs at a lower stress plateau than for the preceding cycle, but only over the strain 
range of the previous cycle. Once the maximum strain of the previous cycle is 
reached, and the sample is experiencing higher strains for the first time, the forward 
transformation stress plateau increases to match the level of the preceding cycle. At 
this point the stress-strain curve continues from where the previous cycle left off, as 
though the preceding cycle had never been interrupted.  
 
A similar effect has been reported in ultra-fine grained Ni-Ti SMAs by Yawny et al. 
[139], who attributed it to substructure development. Dislocations introduced to 
accommodate martensite plates in the austenite matrix during the first loading cycle 
[110] create an easy path that favorably oriented plates can grow into, and possibly 
also provide sites for plate nucleation [140], such that on subsequent reloading the 
substructure assists the development of the same martensite domains at lower stresses. 
Yawny et al. [139] presented data for polycrystalline samples, but noted that the same 
explanation applies to single crystals. In principle, the internal stress fields created 
this way can also explain the lowering of the reverse transformation plateau seen in 
Fig. 4.1.  The shakedown of the lower plateau is less pronounced than that of the 
upper plateau, and this also aligns with data for ultrafine grained Ni-Ti [139].  
4.3 Cyclic evolution of hysteresis  
The cyclic shakedown of the transformation stresses seen in Fig. 4.1 is generally 
observed in all Cu-Zn-Al specimens, and because the upper plateau is more affected 
by cycling than is the lower one, the hysteresis decreases upon cyclic loading.  In 
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order to study this evolution more systematically, we conducted experiments 
involving cyclic loading at a constant stress amplitude (rather than an increasing one 
as in Fig. 4.1), and also explicitly considered a range of wire diameters.  
 
Fig. 4.2 presents true stress-true strain curves of the 1st, 10th and 300th cycle of a wire 
with a diameter of 32 m. The wire is previously undeformed and the stress step in 
the first curve is likely caused by the favorable orientation of one of the grains or by 
local non-uniformity in diameter and not by previous deformation. It is encouraging 
that only little residual strain is accumulated even after extensive cycling. 
Furthermore, in line with the prior results in Fig. 4.1, we notice that 𝜎௔→௠ decreases 
dramatically while 𝜎௠→௔  is almost unaltered and hence the hysteresis width is 
reduced. It is also interesting to note that 𝜀௠௔௫ is unchanged, despite testing being 
performed in load control to constant  𝜎௠௔௫. This is a general trend observed for all the 
wires regardless of 𝜀௠௔௫  and should not be taken as an indication that the entire wire 
is completely transformed to martensite. Rather, as shown in Fig. 4.1, the stress will 
have to exceed 𝜎௠௔௫ in order for non-transforming parts of the wire to transform to 
martensite. Lastly, we note that the transformation slopes are similar for all cycles, 
except at the very end of the plateau as the transformation becomes exhausted and the 
curve steepens. No recovery was observed when this wire was aged at the test 
temperature for 24 h between cycle number 300 and 301. 
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The most striking consequence of repeated cycling is the reduction of the area inside 
the superelastic loop, i.e., the hysteresis energy dissipated per unit volume  ∆𝐸. In 
order to compare the dissipated energy across samples tested to different strains and at 
different temperatures, we use the strain-amplitude normalized quantity introduced by 
Chen and Schuh [47], the characteristic energy dissipation per volume per unit 
strain  ∆𝐸ଵ%ே , to which we add the superscript N to denote cycle number.  
 
The evolution of ∆𝐸ଵ%ே ∆𝐸ଵ%ଵ⁄ with cycling is shown in Fig. 4.3 for three wires with 
different diameters. In all our experiments the energy dissipation is observed to 
change with cycling in the same way: the decrease is dramatic for the first few 
cycles—the energy dissipation capability of these wires is reduced by ~40 % after 
only ~5 cycles—with subsequent cycling resulting in only gradual additional 
reduction in  Δ𝐸ଵ%, e.g., for the wire shown in Fig. 4.2 the value of  ∆𝐸ଵ%ଷ଴଴ ∆𝐸ଵ%ଵ⁄   is 
Figure 4.2 True stress-true strain curves for a Cu-Zn-Al wire with diameter of 32 m, 
obtained at different times (different cycle numbers, N) during isothermal mechanical 
cycling at 30 ºC. 
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reduced to 0.33. The similarity amongst the datasets in Fig. 4.3 suggests that this 
evolution in   Δ𝐸ଵ% does not depend on wire size, at least over the studied range of D 
≈  20-120  μm.     Note  that   this   is  a  relevant  range  over  which  size  effects  do  occur  in  
oligocrystalline SMAs [44, 47] (which will be discussed at length in Chapter 5); these 
data show, however, that there is not a pronounced size effect on the shakedown 
behavior.  
 
An evolution of energy dissipation similar to Fig. 4.3 has been found in some SMAs 
under different physical conditions, for example, when a non-transforming second 
phase has been introduced in Cu-Zn-Al single crystals [141-143], or in polycrystalline 
Ni-Ti [144-148]. In these studies, steady-state energy dissipation was found to 
develop after ~5-40 cycles [141, 142, 146-148] which agrees well with Fig. 4.3. The 
reason for the initial transient in the superelastic response in those works was 
attributed to microstructural changes such as the gradual generation of dislocations 
[141, 143-145], or development of stable areas of retained martensite [142], all 
attenuating the additional pinning force of obstacles to the transformation.  Such 
interpretations are supported by several recent studies focusing on the subtle 
microstructural changes caused by the formation of martensite in the austenite matrix 
[78, 108, 110]. Significant microplastic deformation and/or retained martensite are 
both considered somewhat unlikely in the case of present microwires; the tests are 
conducted well above Af, so in every cycle the transformation strain was completely 
recovered, while residual stresses should be effectively relieved at free surfaces. 
Nonetheless, the similarity between the above studies and our results in Fig. 4.3 
suggests some substructure development takes place, effectively reducing the pinning 
force on interface propagation during cycling. In microwires, it is possible that the 
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structure evolution is related to the surface, where the most important obstacles to the 
transformation are believed to reside [47], although further work is needed to explore 
this possibility. 
 
4.4 Evolution of the shape memory effect with training 
In Chapter 3 the property of stress-assisted two-way shape memory was discussed and 
used to construct a phase diagram (cf. Fig 3.3 and Fig 3.4). In such tests, samples are 
subjected to thermal cycling under an applied constant stress, which favors the 
formation of some specific martensite variants over others, and this in turn biases the 
material shape under stress (i.e., biases the length for the present case of wires).  For 
many practical purposes, however, the stress-free two-way memory effect, whereby 
no external stress is needed to bias the preferred shape of the material, is desired. This 
property usually requires a number of prior training steps (e.g., superelastic cycling 
above Af). The purpose of training is to develop a microstructural asymmetry in the 
Figure 4.3 Evolution of energy dissipation with load cycle number, N, normalized by the 
value measured during the 1st cycle, for 3 wires with different equivalent diameters. The 
dotted lines are smoothed interpolations and are meant to serve as a guide for the eye. 
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austenite matrix that assists the nucleation and growth of a preferred martensite plate 
arrangement during cooling [7, 149].  
 
In this section it is shown that large unassisted shape memory strains can be achieved 
by using superelastic cycling as a means of training.  A Cu-Zn-Al wire with a 
diameter of 114 µm, gauge length of 4.5 mm, and austenite finish temperature, Af   
35 °C, is used for this experiment; the transformation temperature is extrapolated 
from the first superelastic curve using the Clausius-Clapeyron slope discussed in 
Chapter 3. The unassisted two-way shape memory effect is revealed by a thermal 
cycle between -5 ºC and 40 °C at the rate of 1 ºC·min-1 under a constant tensile load 
of 0.1 MPa; here such a small tensile load is applied to enable the measurement of 
transformation strain and the small load itself should only have trivial if not entirely 
negligible effect on the transformations. The training for the wire is instead 
mechanical cycling between the unloaded state and 55 MPa (resulting in ~4.2 % 
strain) isothermally at 40 ºC. The wire was initially heated to 40 °C, and then was 
subjected to one thermal cycle followed by a mechanical cycle, and subsequently 
another thermal cycle. Afterwards continuous mechanical cycling at 40 °C was 
performed, interrupted by a thermal cycle after 3, 6, 16 and 40 mechanical cycles. The 
strain-temperature plot of the first thermal cycle (before training) as well as the 
thermal cycle after 40 mechanical training cycles are shown in Fig. 4.4a.  The 
recoverable strain has increased from ~1.2 % prior to training to ~3.2 % after training.  
Fig. 4.4b shows the evolution of the two-way memory strain as the wire is subjected 
to succeeding training steps as well as the evolution of the hysteresis size of the 
mechanical cycles (training cycles). The two-way memory effect and the mechanical 
hysteresis size evolve in a similar manner and both of them stabilize rather quickly; 
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there is a dramatic increase/decrease during the first few cycles followed by a much 
more subtle variation.    
 
In single crystal Cu-Zn-Al, the two-way shape memory strain can be large, but it 
normally requires a large number of training cycles [141, 150, 151]. For polycrystals 
of the same alloy family, the development of reproducible microstructure 
characteristics during training is faster, i.e., it requires only a few training cycles, 
similar to the case of the oSMA shown in Fig. 4.4, but the attainable shape memory 
strain is generally only slightly higher than 1 % [7, 136]. Grain boundaries in 
AFTER 40 
TRAINING 
CYCLES
BEFORE 
TRAINING
(a)
(b)
Figure 4.4 (a) Stress free two-way shape memory effect before and after training and (b) 
evolution of the two-way memory effect (TWME) with the number of training cycles 
(squares); evolution of dissipated energy per superelastic cycle with the number of 
mechanical cycles (circles). 
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polycrystals, which can be preferential martensite nucleation sites, might facilitate the 
formation of certain martensite configurations, but in the meantime they also impose 
constraints on the extent of the transformation and thus limit the maximum unassisted 
shape memory strain attainable.  Compared with single crystals and polycrystals, 
oligocrystalline SMAs may therefore potentially be the optimal microstructure for 
unassisted shape memory.  They contain a reasonable number of grain boundaries to 
promote the prompt formation of preferred martensite configuration, but the total 
grain boundary area is very small compared to the unconstrained surface area and 
therefore a large recoverable strain close to those in single crystals can be attained in 
them.   
4.5 In situ observations of training 
Fig. 4.5 shows a close-up of the right grain in Fig. 3.1 during the fifth cycle, i.e., after 
four straining cycles each followed by heating to recover the parent phase. The first 
martensite plate now appears inside the grain as opposed to at the grain boundary in 
Fig. 3.1. After this first plate has experienced some growth a second plate nucleates at 
the left grain boundary in panel (d) as it did during the first cycle in Fig. 3.1. These 
two plates then grow simultaneously until they coalesce. Cycling to as many as 30 
cycles (not shown here) was performed and no further evolution was observed. 
Repeated stress-induced transformation is related to the formation of dislocations and 
arrangement of dislocation tangles [152]. The nucleation inside the grain in Fig. 4.5 is 
therefore likely a result of a lower nucleation barrier due to the development of a 
dislocation substructure [152]. As shown in Section 4.3, the stress to induce 
martensite, as well as the entire forward transformation plateau, decreases with 
cycling in these microwires. The hysteresis size, too, decreases by a factor of two 
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from the first to the tenth cycle [153] and this is similar to Ni-Ti [139]. The increase 
in number of nucleation events from Fig. 3.1 to Fig. 4.5 is not as dramatic as the 
evolution of hysteresis size and shape, but both are likely caused by the same creation 
and rearrangement of dislocations, which was already proposed for the latter 
phenomenon [139]. 
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Figure 4.5 Stress-induced martensite morphology in the same wire as in Fig. 3.1 but for 
the fifth superelastic cycle. The local strain is measured between two grain boundaries. 
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4.6 Low cycle fatigue 
4.6.1 Fatigue life 
Since fatigue traditionally has been a weak point for many Cu-based SMA 
polycrystals, it is of obvious interest to explore larger numbers of superelastic cycles 
to ascertain whether the oligocrystalline structure offers a solution to this problem.  
Eleven of our specimens were cycled until failure under pure tensile loading (load 
ratio  R  ≈  0). The fatigue life data for these samples are presented in Fig. 4.6, as the 
number of cycles to failure, Nf, against strain amplitude. This data, in addition to 
transformation temperatures, diameters and stress rates are also summarized in Table 
4.1 at the end of this section. 
 
Figure 4.6 Fatigue life data for SMAs; strain amplitude plotted against number of cycles 
to failure, Nf, for present microwires, polycrystalline Cu-Zn-Al [39], single crystalline Cu-
Zn-Al [37], Ni-Ti [40, 41] and Ni-Ti-Cu [41]. 
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Although the number of samples tested here is small, the data are reasonably clustered 
and fatigue life appears to be roughly independent of strain amplitude in the range 
3.2-7.5 %. The lack of strain amplitude dependence may be partly related to the fact 
that the stress amplitude is different from sample to sample.  However, a plot of 𝜎௠௔௫ 
against Nf (not shown) yields even more scatter, and is less relevant for comparison 
with literature data because such studies have often involved single phase austenite, 
single phase martensite as well as dual phase cycling concomitantly. The strain 
amplitude independence is more likely explained by the heterogeneous manner in 
which the transformation proceeds.  In SMAs, deformation involving the movement 
of austenite/martensite interfaces is thought to have the worst effect on fatigue life 
[154], and it can therefore be expected that failure will eventually occur in a heavily 
transformed region. For incomplete transformations in a bamboo structure wire, some 
favorably oriented or seeded parts of the wire may undergo the complete martensitic 
transformation while other parts could transform incompletely, or even remain in the 
austenite phase during the whole experiment. Those parts of the wire that undergo the 
most detrimental movement of the austenite/martensite interface will ultimately be the 
location of failure, while the remaining parts will not appreciably contribute to fatigue 
life. Following this line of reasoning, the only difference between large and small 
strain amplitudes would be the volume fraction of wire transforming, and thus the 
fatigue life can be relatively independent of strain amplitude. This result has 
interesting consequences for use of oligocrystalline SMAs, which may be controlled 
by such weakest-link physics for many other properties as well.  Clearly, 
improvements in fatigue lifetime under this scenario will be achieved by developing 
preferred   textures   without   ‘weak   orientations’,   or   by   removing   potential  
transformation seeds. Shape and surface roughness may be expected to affect fatigue 
 
 
86 
life [155, 156]. In the present study, the surface finish is generally very rough and 
sharp corners where cracks can nucleate are present in many samples. Improved 
surface quality through electropolishing may therefore further improve the 
characteristics of oligocrystalline wires, but is left for future research.  
 
Finally, it is useful to compare the present data with those for other SMAs; data for 
Ni-Ti [40, 41] (tested in rotating-bend mode with R = -1), Cu-Zn-Al polycrystals [39] 
(tested in tension-compression with R ~ -1) and Cu-Zn-Al single crystals [37] are also 
shown in Fig. 4.6. In cases where different samples are tested we reproduce the 
sample that best matches our testing conditions, i.e., Texp and Af. The study on single 
crystal fatigue by Sade et al. [37] includes 44 different samples, all cycled to ~5 % 
strain in pure tension, but to different stresses and temperatures. In Fig. 4.6 some 
representative results from the work of Sade et al. are plotted (their samples tested at 
room temperature and for which Ms = 0ºC).  
 
There are several striking results that emerge from the comparison of the present data 
with these literature studies in Fig. 4.6.  First, we note that the oligocrystalline 
structure offers a vast improvement in fatigue life in Cu-Zn-Al relative to polycrystals 
of the same alloy.  This is especially true at large strain amplitudes (𝜀 > 4 %) where 
there is an improvement of more than two orders of magnitude compared to 
polycrystalline Cu-Zn-Al as reported by Melton and Mercier [39].  While the 
oligocrystalline samples still exhibit a fatigue deficit relative to the best single crystals 
of similar composition, they also seem to outperform at least some of the single 
crystal samples tested by Sade et al. [37].  The data here therefore illustrate the great 
potential of the oligocrystalline architecture, as a general microstructural engineering 
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approach, to develop a compromise between production cost and properties in SMAs.  
Since polycrystalline Cu-Zn-Al has not usually been considered as a viable candidate 
material for actuator applications because of its tendency to fail when subjected to 
large actuation strains, the oligocrystalline form of the alloy exhibits significant 
enabling potential.  This is especially true in light of the second comparison, namely, 
that the specific low-cycle fatigue lifetimes we present are comparable to Ni-Ti in the 
same strain range.  This is very encouraging for possible low-cost substitution of 
oligocrystalline Cu-based SMAs for Ni-Ti in cyclic actuator applications, as Ni-Ti is 
the only alloy family with significant market traction in such applications. 
 
Wire D 
(m) 
Texp 
(ºC) 
Af 
(ºC) 
𝝈𝒂→𝒎
(MPa)
𝝈𝒎𝒂𝒙 
(Mpa) 
Stress rate 
(MPa/min) 
𝜺𝒎𝒂𝒙 
(%) 
Nf 
#2 61 30 15 68 127 174 6.8 1278 
#3 57 33 19 65 87 247 7.5 1050 
#4 54 50 32 80 106 218 5.1 1590 
#5 46 30 15 62 103 183 5 1165 
#7 41 32 4 94 151 229 3.8 404 
#8 36 32 24 68 123 296 3.9 176 
#10 32 30 23 39 91 174 4.5 733 
#11 29 60 47 65 85 121 3.2 1050 
#12 29 32 23 41.5 64 120 6.5 1326 
#13 28 60 43 105 161 311 4.2 2950 
#14 24 32 12 100 142 228 3.6 1660 
 
Table 4.1 Summary of the test conditions and data. D is the wire diameter, Texp refers to the 
isothermal testing temperature, Af is the austenite finish temperature and am is the stress to 
induce martensite for the first superelastic cycle. max and max are the stress and strain 
amplitudes, which were constant during the entire fatigue test, and Nf is the number of cycles 
to failure. The wire numbers are the same as those in Table 5.1. 
4.6.2 Fatigue Fracture 
The fatigue failure of structures with nominal bamboo grain structures is an 
interesting topic, though it has received little focused attention. Some work has been 
reported for bamboo Cu fibers [157, 158], but the failure mechanism in the present 
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SMAs is likely to differ from that of ductile Cu. In conventional SMAs (non-bamboo 
structure), fatigue fracture surfaces have been observed to be brittle in Cu-Al-Ni 
single crystals [154], brittle intergranular in Cu-Al-Ni polycrystals [38] and ductile 
transgranular in Cu-Al-Be polycrystals [159]. For Cu-Zn-Al polycrystals, brittle 
intergranular fracture has been reported [39, 49, 135].  
 
In a perfect bamboo structure, we envision that fracture may occur either along a 
boundary or inside a grain, and for a material like Cu-Zn-Al where brittle 
intergranular fatigue fracture can be expected transverse fracture along an individual 
grain boundary may be anticipated as the dominant mode of fatigue failure. We 
believe that the removal of most intergranular constraints (i.e., removal of triple 
junctions) in the oligocrystalline structure should mediate the tendency for fracture in 
this mode (cf. Fig. 4.6). On the other hand, deviations from this perfect structure, such 
as non-perpendicular grain boundaries, errant triple junctions, or small grains not 
spanning the entire cross section would represent likely weak points for fracture 
initiation. These possible cases are illustrated schematically in Fig. 4.7, and 
combinations of these cases are also possible. Investigation of the fatigued wires 
revealed two different types of fracture surfaces, the first consistent with a perfect 
bamboo structure as illustrated in Fig. 4.7a and b, and the second indicating a 
deviation from this structure as schematized by Fig. 4.7c, d and e.  
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Fig. 4.8a and b show representative SEM images of the most frequent fracture type in 
two different wires.  Here the fracture surfaces are roughly perpendicular to the wire 
axis and generally very smooth, suggesting brittle fracture, perhaps along a grain 
boundary. Some regions with a few dimples characteristic of ductile rupture can also 
occasionally be observed; these may be associated with the final stages of overload 
rupture.  
 
Fig. 4.8c and d present the two matched faces of a single fracture surface that typifies 
the second type of failure mode. Here the fracture surface is considerably rougher, 
and also comprises two different fracture planes that adjoin along a line running 
across the center of the fracture surface.  One possible interpretation for this structure 
is that the line represents a transition from inter- to transgranular crack propagation, 
as in Fig. 4.7c.  A second interpretation would associate this fracture with a triple 
Figure 4.7 Schematics of various possible fracture modes in oligocrystalline wires of (a,b) 
idealized bamboo structure, and (c-e) imperfect, near-bamboo structures. (a) intergranular 
fracture, (b) transgranular fracture, (c) fracture initiated along an inclined grain boundary, 
(d) fracture initiated at a triple junction and (e) grain pop-out followed by transgranular 
fracture. 
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junction, as schematized in Fig. 4.7d, with the two halves of the fracture surface 
corresponding to two grain boundary planes along which the crack has propagated. 
This interpretation is supported by the magnified view in Fig. 4.9 in the vicinity of the 
apparent triple junction line, which reveals martensite plates in the lower left grain, 
but not in the other. This is typical for fracture in conventional Cu-based SMAs where 
stress concentrations arise around triple junctions to maintain coherency between 
transforming and non-transforming grains, and which can eventually cause fracture 
along grain boundaries.  
 
Figure 4.8 SEM images of fracture surfaces of fatigued wires showing (a) a smooth, 
planar fracture of a wire with an equiaxed cross-section, (b) a similar planar fracture in a 
highly lenticular wire, and (c and d) two complementary images of the mating fracture 
surfaces where the cross section appears to contain two grains and where the surface is 
rougher than in (a) and (b). 
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While observations of the eleven fatigued wires showed indications consistent with all 
of the five failure modes in Fig. 4.7, the majority of cases resembled case a or b, 
indicating a nearly perfect bamboo grain structure (as expected based on our 
microstructural observations as in Fig. 2.3a). As the number of samples is relatively 
small and the number of cycles to failure is around 103 for all the samples there is not 
an unequivocal relation between the mode of failure and fatigue life. However, it is 
interesting to note that the wire with lowest Nf (sample #8 in Table 4.1) had a steep 
angular boundary and failed by intergranular fracture along that boundary as 
schematized in Fig. 4.7c. 
 
4.7 Conclusions 
In this chapter the cyclic evolution of shape memory and superelasticity of 
microwires with diameters of 24-114 µm and a bamboo type grain structure were 
studied experimentally.  The results presented here show that the reduction of total 
grain boundary area relative to the amount of free surface, i.e, the formation of an 
Figure 4.9 Higher magnification image of Fig. 4.8d showing that martensite plates are 
clearly visible on one face of the fracture surface, but not on the other.  This may speak to 
the presence of a triple junction line in the specimen. The lower left arrow points at a 
martensite plate and the upper right arrow points at an apparent grain boundary. 
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oligocrystalline structure, dramatically improves fatigue life as compared to bulk 
polycrystalline Cu-based SMAs. Additionally, unassisted shape memory as well as 
mechanical and morphological evolution with cycling was explored. The following 
specific results of the present study are noteworthy: 
 
 Oligocrystalline Cu-Zn-Al wires tested in tension above Af exhibit large 
recoverable strains (up to 7.5 %) with little or no residual deformation. 
When subjected to repeated loading there is a transient shakedown period 
during which the transformation stresses shift and the hysteresis decreases, 
but this stabilizes after ~10 cycles.   
 Cycling creates a microstructure where some martensite variants are more 
favorable than others and where the martensite nucleation barrier is 
lowered. The first observation of this is that martensite nucleation becomes 
easier with cycling; in situ experiments show more nucleation events in 
cycled wires than in uncycled ones. The second observation is the increase 
in strain amplitude obtained for unassisted TWME after cycling; the 
morphology of thermally induced martensite is less self-accomodating in a 
cycled wire than in an uncycled one. 
 The fatigue life of oligocrystalline SMAs is dramatically superior to bulk 
polycrystalline samples of the same alloy, and comparable to Ni-Ti in the 
tested strain range.  Premature fatigue failure may be associated with 
defects in the oligocrystalline structure, such as errant triple junctions and 
unexpected small grains that do not span the cross-section. In the absence 
of such defects fracture is still observed to be intergranular. 
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Chapter 5:  Size effects  
As mentioned in Chapter 1 size effects are relatively common in shape memory alloys. 
They are, however, mostly found in materials with characteristic dimensions in the 
nanometer range. In fact, most studies on SMAs, whether mechanical or in situ, have 
been on materials either at the nanometer scale or at the millimeter scale; the range 
of characteristic sizes from about 1 m to 1 mm remains largely unexplored. Many 
questions, such as free surface effects, martensite morphology and heat transfer have 
not been studied in this size range. Additionally, thermomechanical studies in this size 
range on foams and wires are very few and many outstanding questions about the 
generality of results need to be addressed. This chapter starts with exploring size 
effects in martensite morphology by studying martensite evolution during superelastic 
testing of wires with a range of diameters. Furthermore, the size dependence of 
energy dissipation is studied with particular emphasis on cyclic evolution of damping. 
Heat transfer in small wires is then investigated and compared with large samples. 
Finally, the impact of surface roughness conditions on mechanical properties is 
explored. 
5.1 Transition from many-domain to single-domain 
transformation morphology 
5.1.1 Methods 
The transformation morphology of five electropolished wires tested in situ is reported 
in this section. The wires were obtained with different draw speeds yielding diameters 
ranging from 21 to 136 m. Two wires (with diameters 21 and 116 m) showing 
representative behavior will be presented in detail and will for simplicity be referred 
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to as the fine wire and the coarser wire, respectively. Some wires are slightly tapered 
and the diameters are therefore average values.  
 
The in situ tensile tests were performed at room temperature using a deformation 
stage (Gatan Microtest 200) inside of a scanning electron microscope (SEM). The 
wires were gently heated before mechanical testing to ensure single phase conditions 
(cf. transformation temperatures observed from DSC scan in Chapter 2). Epoxy was 
used to create grips at the wire ends to ensure sound mechanical contact. The wire 
surface was monitored in situ during the test and deformation was interrupted at 
regular intervals to obtain high quality images as the wire transformed. The strain rate 
was ~10-4 s-1:  no  ‘dynamic  effects’  (e.g. variant redistribution) were observed between 
deformation interruption and image capturing. All strains are inferred from the images 
and  therefore  represent  ‘local’  strains  in  the  photographed  region.  The  gauge  lengths  
were 12 and 15 m for the fine and coarser wires respectively. 
5.1.2 Martensite morphology in fine and coarser wires 
The morphological evolution of martensite during a superelastic cycle at room 
temperature is shown in Fig. 5.1 for the coarse wire with a diameter of 116 µm. The 
panels in Fig. 5.1 focus on a single grain with a large aspect ratio of 4, bounded by 
grain boundaries on either side (marked by dashed red lines in the upper left panel); 
this is a typical oligocrystalline structure [45, 160]. The left column of Fig. 5.1 shows 
the sequence of events upon loading of this coarse wire. A local digital-image 
correlation-based measurement of the tensile strain level is noted next to each panel. 
As the wire is stretched martensite becomes visible as surface relief.  In the successive 
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panels of Fig. 5.1 we have enhanced the contrast of the martensite phase for visual 
clarity; raw images can be found in Appendix A.  
 
We see that the first plates are nucleated near the left grain boundary and that the 
transformation is further accommodated by the nucleation of new plates distributed 
along the length of the grain. These then also thicken until they communicate with 
their neighboring plates and coalesce into a single domain. In the last panel on the left 
the grain is almost fully transformed. The image sequence for the reverse 
Figure 5.1 In situ scanning electron microscopy images showing the evolution of 
martensite morphology during a superelastic cycle at room temperature. The wire is Cu-
Zn-Al with a diameter of 116 µm and the dashed red lines mark grain boundary locations. 
Images from loading are on the left and unloading are on the right. 
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transformation is shown on the right of Fig. 5.1, and proceeds by large martensite 
areas fragmenting into a myriad of thinner plates. Because the test temperature is very 
close to Af, a few martensite plates are observed in the last panel of Fig. 5.1 resulting 
in a small residual strain of 0.1 %. The transformation evolution in Fig. 5.1 is 
qualitatively very similar to what is observed under in situ OM for bulk SMA samples 
[6, 82, 83], which, even under single-variant conditions is characterized by a large 
proliferation of separate domains followed by their coalescence, both on the forward 
and reverse transformations.  
 
In Fig. 5.2 we show the complementary set of images for the same kind of test on the 
finer wire with diameter 21 µm. The field of view shows a section of wire that 
comprises a single grain, except for one grain boundary located at the right side of the 
wire and denoted by a dashed red line in the first panel. The left column of Fig. 5.2 
shows the image series upon loading, where the first two martensite plates that form 
are, like for the coarse wire, nucleated near a grain boundary. However, the 
subsequent kinematics of the transformation in this finer wire are strikingly different 
from those seen in Fig. 5.1 in the coarse wire. Instead of being accommodated by the 
continual nucleation and coalescence of new plates, the transformation now proceeds 
in a monolithic fashion; the wire transforms by the smooth axial propagation of a 
single interface. The unloading sequence for the wire is shown in the right-hand 
column of Fig. 5.2, where the reverse transformation is seen to mirror the forward 
transformation: the single martensite plate remains monolithic and shrinks from left to 
right as the load is reduced, and the large transformation strain of 9.5 % is almost 
fully recovered. Only a very thin plate, isolated between the grain boundary and the 
right end of the principal plate, does not transform back to austenite, which is 
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reasonable since the test temperature is very close to Af. This transformation pathway 
is again in stark contrast to that observed in the coarse wire where the reverse 
transformation also proceeded by domain fragmentation. The strain achieved in this 
wire is somewhat larger (9.5 % as compared to 6.2 %), being most likely an effect of 
local crystallographic orientation, which is uncontrolled for in these experiments.  
 
 
In order to quantitatively compare the significance of nucleation and growth in the 
fine and coarser wires we measure the linear plate number density as shown in Fig. 
5.3 against the transformed fraction (i.e., the instantaneous strain normalized by the 
maximum strain at the end of the transformation). We see that for the fine wire two 
plates (within the field of view) are nucleated early in the test, and the fact that one of 
them grows is reflected by the long, horizontal shelf in the plot; strain (volume 
Figure 5.2 In situ scanning electron microscopy images showing the evolution of 
martensite morphology during a superelastic cycle at room temperature. The wire is Cu-
Zn-Al with a diameter of 21 µm and the dashed red line marks a grain boundary location. 
Images from loading are on the left and unloading are on the right. 
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fraction) increases without requiring further domain nucleation. In other words, the 
high interface mobility renders further martensite plate nucleation unnecessary.  
 
For the coarser wire, on the other hand, the evolution is quite different—strain is 
accumulated to a large extent by the continual nucleation of new phase domains. At 
medium strains, the process of coalescence begins to occur and gradually dominates 
beyond the peak in Fig. 5.3, where new plates are emerging at approximately the 
same rate as established ones coalesce, and the slope of the curve flattens out. As the 
maximum strain is approached, the plates coalesce and the curve dips. The reverse 
transformation is similar to the forward one except for the higher number of plates 
caused by the fragmenting of large plates. 
 
Figure 5.3 Number of martensite plates per unit length of wire for the fine wire (blue 
circles) and the coarser wire (red squares) during a full superelastic cycle plotted against 
transformed fraction (martensite volume fraction). Arrows indicate loading and unloading. 
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5.1.3 Sample size dependencies on martensite plate density  
In Fig. 5.4a we provide data for three more SMA wires in addition to the two pictured 
in Figs. 5.1-2, and plot the maximum number of martensite domains during 
superelastic tests, as well as the average number over the course of a cycle, as a 
function of the wire diameter, D. Although there is scatter in the data, a clear trend 
emerges across all of our tested wires, where smaller wires contain fewer domains per 
unit length as they transform. In other words, the finer the wire, the more domain 
growth relative to nucleation, and hence for the smallest wires we observe the single-
domain transformation morphology in Fig. 5.2. For the coarser wires, on the other 
hand, growth is more difficult and hence multi-domain nucleation accommodates the 
strain. We believe that these differences in transformation kinematics, namely the 
transition from multi-domain to single-domain transformation, are a sample size 
effect.   
 
Although factors other than sample size, such as extremely low dislocation densities 
and temperature gradients have been shown to produce single interface 
transformations in large samples [161-163], these special conditions are not expected 
in the present experiments, and larger SMA samples generally exhibit phase 
morphology and evolution very similar to that seen in our large wire [6, 82, 83]. 
Furthermore, the two wires presented here were produced from the same initial pellet, 
given the same thermal treatment and preparation; they should have similar defect 
structures (although their sizes may sample defects differently—a point to which we 
shall shortly return).  We can also rule out stress multiaxiality effects or end effects, 
as all of our images are taken far from the grips and show ~1-3 % of very long gauge 
sections; all wires experience the same uniaxial tensile stress state.   
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5.1.4 Obstacle density and morphology 
After the first martensite plate has been formed, the wire has two options to 
accommodate further deformation: the initial plate can grow or new plates can 
nucleate in the austenite. Growth may be expected to be easier with increasing degree 
of crystal perfection [164]; if the interface is presented with obstacles, i.e., any type of 
crystal imperfection, growth will be more difficult [161]. For all of our wires, the 
martensite plates span the cross section, and the transformation front will encounter 
such obstacles as it traverses the length of the wire.  If the material has an intrinsic 
volume density of defects or obstacles, nv, then the number of obstacles per unit 
length of interface traversal would be ~  గ
ସ
∙ 𝐷ଶ ∙ 𝑛௩.  On the other hand, for fine wires 
it has been proposed that surface defects may also be important obstacles to 
transformation front propagation [47], which would obey a different scaling with the 
number of obstacles per length going as ~ 𝜋 ∙ 𝐷 ∙ 𝑛௦  with ns the areal density of 
surface defects. 
 
If transformation fronts are waylaid by obstacles, encouraging the nucleation of new 
domains, then, to first order, the number of martensite domains observed in a 
specimen would be proportional to the number of obstacles. In this light, the data in 
Fig. 5.4a are now compared with the black lines representing linear (surface) and 
quadratic (volume) scaling with D as discussed above. The results are suggestive: the 
martensite domain density (per unit length) scales far more closely with D, as 
expected for surface-obstacle control, than with D2 for volume-obstacle control.  
A transition from volume to surface dominated physics at fine scales, as suggested by 
Fig. 5.4a, is in line with the size-dependent behavior in a related SMA, Cu-Al-Ni, 
studied by Chen and Schuh [47]. After a survey of phenomena causing dissipation in 
 
 
101 
micrometer size samples they related their observation of a size effect in 
transformation hysteresis to the increased pinning of the transformation front at free 
surfaces; the cross-over there too, was shown to take place in wires with diameters 
around, or just below, 100 m. Another example of size dependent behavior in SMAs 
is that of polycrystalline SMAs, where several alloy families show a decrease in Ms 
with decreasing grain size [61-66]. Interestingly, these effects also, show little or no 
size dependence for large grains, but start to emerge for grain sizes below 100 m. 
 
Figure 5.4 (a) Linear and (b) volumetric martensite plate density (maximum upon loading, 
maximum upon unloading and average for all the acquired images) plotted against wire 
diameter for five different samples. The lines represent scaling relationships expected for 
surface and volume obstacles. 
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5.1.5 Size effect in hysteresis  
The above observations suggest that the sampling of defects, or obstacles, by the 
transformation front, changes with sample size, and this should be in principle related 
to some of the size effects previously reported in shape memory alloys.  For example, 
we may re-examine the size effect on transformation hysteresis in light of the above 
discussion, because hysteresis is directly related to transformation obstacles [20, 31, 
165]. During a thermoelastic martensitic transformation the moving interface has to 
perform an amount of frictional work related to the number and nature of the 
obstacles it meets [31, 165]. The energy dissipated as heat when the austenite-
martensite interface bypasses these obstacles is reflected in the hysteresis [165], and, 
as a first order model, the stress hysteresis magnitude, , is simply proportional to 
the obstacle number density, n, per unit volume of sample 
    ∆𝜎 = 𝐸଴ ∙ 𝑛               (5.1) 
where E0 is the energy dissipated per obstacle bypassed. Our previous observations 
about obstacle densities based on Fig. 5.4a can thus be used to explain a size effect on 
hysteresis, with one adjustment.  The data in Fig. 5.4a are normalized per unit length 
of wire, but hysteresis is measured over the whole specimen volume; in Fig. 5.4b we 
replot the data of Fig. 5.4a on a per volume basis instead of per length. The 
volumetric densities of volume and surface obstacles are nv and 
ସ∙௡ೞ
஽
 respectively. 
Furthermore, we can speculate that the surface and volume defects are of the same 
nature and from the same defect population, their position at the surface and in the 
interior being their only distinguishing trait.  In that case ns ≈  Donv, where Do is a 
characteristic obstacle length scale. The volume and surface scalings are shown as 
black lines in Fig. 5.4b. Although the smaller specimens transition from multi-domain 
to single-domain character (Fig. 5.4a), one can now better appreciate that this 
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involves a higher overall volumetric density of domains (Fig. 5.4b).  And with a 
higher density of domains, n, hysteresis rises according to Eq. 5.1, which can be 
rewritten using the obstacle density definitions above as: 
   ∆𝜎 = 𝐸଴ ∙ 𝑛௩(1 +
ସ∙஽೚
஽
)    (5.2) 
Here the leading term describes a volume-obstacle effect and the second term a 
surface-obstacle one.  Owing to the 1/D dependence of the latter, we expect to see no 
size effect for samples sufficiently large, and a cross-over to a 1/D size scaling for 
small samples that are surface-obstacle dominated. In Fig. 5.5 we plot data for vertical 
hysteresis size of Cu-Zn-Al [153] and Cu-Al-Ni [47] wires as well as data for larger 
single crystalline Cu-based alloys [6, 9, 166] against wire diameter. The solid black 
line is Eq. 5.2 while the red lines represent the surface and volume terms plotted 
separately.  
 
The free parameters are obtained by fitting to the data: nv = 61013 m-3, Do = 40 m 
and E0 = 1.110-7 J. The match to the data is good, including a plateau of hysteresis for 
large samples and an increase that appears to reasonably follow a 1/D dependence for 
samples below about 100 m. Furthermore, the fitting parameters seem physically 
reasonable; for example, we might compare the fitted obstacle density to that 
expected for point defects: the equilibrium vacancy concentration in quenched 
samples should lie between that at room temperature and at the annealing 
temperature, which in Cu are ~106 and ~1019 m-3, respectively. As a second 
comparison, a typical dislocation density of ~1011 m-2 divided by a typical burgers 
vector of ~10-10 m yields a volumetric density of ~1021 m-3. Whereas the fitted 
obstacle density found from Eq. (5.2) (~1013 m-3) is in the middle of the range of point 
defect concentrations, it is far smaller than the dislocation density.  This suggests that 
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the  ‘obstacles’   to  martensitic  transformation  are  rarer  than  dislocations,  and  may  be,  
e.g., dislocation junctions or point defects. 
 
 
5.1.6 Starvation of obstacles 
In the preceding sections we have related martensite transformation morphology to 
the ease of domain growth; the fewer obstacles the interface encounters, the more 
domain growth; the more domain growth, the more surface obstacles dominate the 
response, and the more energy dissipated per unit volume. This line of reasoning 
assumes that there is a homogeneous distribution of obstacles that will be sampled in 
an average sense by the transformation.  However, a natural extension of this view is 
Figure 5.5 Stress hysteresis plotted against sample diameter for Cu-based shape memory 
alloys. Blue circles with diameters below 300 m are Cu-Zn-Al and Cu-Al-Ni microwires. 
Blue circles with diameters larger than 300 m are literature data from large single 
crystalline Cu-based SMAs. Details of experimental data can be found in Ref [160]. The 
black curve is Eq. 2 and the red curves are the surface and volume terms of Eq. 2 plotted 
separately. 
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that for samples at the finest scales, the transformation may encounter obstacles only 
rarely and stochastically, so a description based on average encounters is no longer 
applicable. This idea, that the scarcity of defects may control behavior of small scale 
martensitic materials has been used in explaining the loss of martensite formation [58-
60].   In   these   cases,   defects   are   not   treated   as   ‘obstacles’   to   transformation   front  
motion, but as potential nuclei for the initiation of the transformation in the first place. 
For example, the suppression of martensite in Fe-Ni beads in the micron range was 
attributed to the small probability of finding a defect with high enough nucleation 
potency in small beads [58]. Statistical models taking advantage of a Poisson type 
probability distribution of defects describe such trends well and show that nucleation 
is heterogeneous: it preferentially occurs on crystallographic defects [58, 59].  
 
Using the density definitions from Section 4 in a grain of aspect ratio 4 (L = 4D), the 
most probable number of defects, N, is  
   𝑁 = 𝜋 ∙ 𝑛௩ ∙ 𝐷ଷ(1 +
ସ∙஽೚
஽
)    (5.3) 
and the probability of having at least one such defect at the austenite/martensite 
interface is 
𝑃 = 1 − 𝑒ିே          (5.4) 
If we use the values for obstacle density and obstacle size determined earlier, 
starvation of nucleation sites/obstacles will start to become important for 
characteristic sizes of a few microns, e.g., P = 0.5 when D = 4.6 m. This is in line 
with previous studies on martensite suppression that also commence for characteristic 
lengths of some microns [58, 60, 167] and it implies that another cross-over may be 
expected at finer scales than studied in the present experiments: from surface to 
obstacle starvation-controlled behavior.  
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If we combine the probability of encountering an obstacle (Eq. 5.4) with Eq. 5.2, the 
‘stochastic’  hysteresis  size,  s, now becomes 
 ∆𝜎௦ = 𝐸଴ ∙ 𝑛௩(1 +
ସ∙஽೚
஽
) ∙ (1 − 𝑒ିగ∙௡ೡ∙஽
య(ଵାర∙ವ೚
ವ
))           (5.5) 
In Fig. 5.6 we plot s against sample diameter for all the data from Fig. 5.5, together 
with data from small pillars of Cu-Al-Ni [75, 80, 168] and Ni-Mn-Ga (curves 
exhibiting the largest recoverable strain without residual strain are used) [56]. For 
diameters above roughly 10 m the model is the same as that in Fig. 5.5. For samples 
smaller than that, the hysteresis rise from increasing surface-to-volume ratio is 
countered by a decreasing probability of encountering obstacles. Because the 
starvation term has square and cubic dependencies on D this results in a drop in 
hysteresis size below about 10 m. For sample dimensions below 100 nm the 
hysteresis becomes vanishingly small. We note that as compared to Fig. 5.5, the 
analysis in Fig. 5.6 requires no additional adjustable parameters to be fitted; the cross-
over to defect starvation, including its physical location and magnitude, emerge at 
approximately the correct location based only on our earlier analysis of defect density 
and spacing.  
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The schematization of three distinct regimes in Fig. 5.6 is physically reasonable in 
light of the body of experimental observations. The addition of the starvation-
dominated regime reflects the decreased probability of encountering microstructural 
defects and therefore also the decreased nucleation probability. In the absence of 
suitable nucleation defects austenite will be stable at all - or at least a wider range of - 
temperatures, as has been reported in many recent studies on nanometer scale SMAs 
[51, 57, 60, 73, 169]. The onset of this regime depends not only on size but also on 
defect density, which may explain the large range of critical sizes reported for 
martensite suppression in samples obtained through different processing routes [51, 
57, 60, 73, 169]. 
 
Figure 5.6 Stress hysteresis size plotted against sample diameter. Colors indicate alloy 
family and the black curve is a model for hysteresis size developed in the text (Eq. 5). All 
data points are from superelastic curves where the reversible strain is above 3 % and 
without any residual deformation. Three regimes are distinguished where hysteresis size is 
dominated by different terms in Eq. 5. 
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5.1.7 Conclusions 
The morphology of Cu-Zn-Al microwires during a superelastic cycle has been studied 
by in situ scanning electron microscopy. To our knowledge this is the first systematic 
study of superelastic transformation morphology in the size range of ~20 to ~130 m. 
A transition from multi-domain to single-domain transformation morphology is 
observed as the wire diameter is decreased. We relate the transition from a nucleation-
dominated to a monolithic morphology to the ease of domain growth: the fewer 
obstacles the interface encounters, the more domain growth. Furthermore, we use our 
observations to rationalize observed sample size effects upon transformation 
hysteresis in shape memory alloys based on the frictional energy dissipated when 
obstacles are bypassed by the austenite/martensite interface: the smaller the wire, the 
more obstacles are sampled on a per volume basis, and the larger the hysteresis size. 
5.2 Cyclic evolution of size effects in hysteresis size 
Section 5.1 offered an explanation of the size effect in hysteresis size in terms of the 
increased sampling of surface obstacles. This section studies the evolution of this size 
effect with cycling, its dependence on wire geometry as well as other details without 
repeating the conclusions from Section 5.1. 
5.2.1 Methods 
Twelve wires with diameters from 24 to 114 m were prepared using the method 
described in Chapter 2. Mechanical testing was performed in the as-prepared 
condition following the removal of the glass sheath, without any additional surface 
treatment (no electropolishing). Testing was conducted in tension under load-control 
using a dynamic mechanical analyzer equipped with a closed furnace (DMA Q800 
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from TA instruments). Each end of the wire was mounted in a plastic compound to 
form sound mechanical grips that were then clamped. The cross-head displacement 
was measured by a high resolution linear optical encoder within the instrument, with a 
nominal resolution of 1 nm. The gauge length varied between 2 - 5 mm for different 
wires. Details about these wires are found in Table 5.1. 
 
For the evaluation of superelastic curves a constant slow loading rate of 20 
MPamin-1 was used in order to avoid latent heat effects. For all wires care was taken 
so that no prior deformation or thermal cycling was conducted prior to superelastic 
cycling. The strain amplitude was found to vary slightly (usually decrease) with 
cycling, but after a few dozen cycles settling into a constant value. The test 
temperature, transformation stress for the first loading cycle as well as geometrical 
characteristics (c.f. Fig 2.3) are summarized in Table 5.1.  
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 D 
(m) 
Short 
axis 
(m) 
Long 
axis 
(m) 
L 
(m) 
Texp 
(ºC) 
𝝈𝒂→𝒎𝟏 
(MPa)
∆𝑬𝟏%𝟏  
(J/cm3) 
∆𝑬𝟏%𝟓𝟎  
(J/cm3) 
𝝈𝒎𝒂𝒙 
(Mpa) 
𝜺𝒎𝒂𝒙 
(%) 
#1 114 85 153 96 40 18 10.3 5.2   
#3 57 42 63 48 33 65 23.8 8.2 87 7.5 
#4 54 37 86 42 50 80 31.5 17.3 106 5.1 
#5 46 37 55 36 30 62 22.1 12.7 103 5 
#6 43 38 60 34 32 56 23 12   
#7 41 32 53 37 32 94 27.2 14.4 151 3.8 
#8 36 25 53  30 32 68 43.6 19.7 123 3.9 
#9 33 23 36 27 33 84 42.5 19.4   
#10 32 21 47 24 30 39 29.4 14 91 4.5 
#12 29 23 35 23 32 41.5 18.2 10.7 64 6.5 
#13 28 13 65 18 60 105 50.2 18.6 161 4.2 
#14 24 17 27 19 32 100 43.2 18.5 142 3.6 
Table 5.1 Summary of the test conditions and data. D is the equivalent wire diameter, short 
axis is the shortest wire axis, long axis is the longest wire axis, L is 4×V/A where V is wire 
volume and A is wire surface area, Texp refers to the isothermal testing temperature and am 
is the stress to induce martensite for the first superelastic cycle. E1% is the energy dissipated 
(for the 1st and 50th cycles as indicated by the superscripts) normalized by strain amplitude 
and 𝜎௠௔௫  and 𝜀௠௔௫ are the stress and strain amplitudes. The wire numbers in the first column 
correspond to the numbers in Table 4.1. 
 
5.2.2 Relation between hysteresis size and energy dissipation 
The area within the hysteresis loop, ∆E, in the superelastic stress–strain curve is the 
energy dissipated per unit volume in a superelastic cycle. The fractional energy 
dissipation ∆E/E, with E the maximum strain energy, is a measure of the energy 
dissipation or damping capacity. However, neither ∆E nor ∆E/E is a proper parameter 
for comparing between the damping capacities of the different wires presented here. 
∆E/E decreases significantly with temperature even for the same wire due to the 
increase in E (in other words, due to the increase in martensitic transformation 
stresses). Meanwhile, ∆E is substantially affected by the maximum strain achieved, 
which is different among the wires. Accordingly, we normalize ∆E by the maximum 
strain to obtain the characteristic energy dissipation per unit strain, i.e. ∆E1%. As 
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shown in Fig. 5.7, there is a strong positive linear correlation between ∆E1% and the 
average vertical stress hysteresis ∆σ for all the tests summarized in Table 5.1; these 
parameters are essentially equal to within experimental error. This result is intuitively 
expected, as both parameters are measures of the transformation hysteresis and both 
are strain-averaged. An even better collapse might be expected if the strain 
normalization were based on only the transformation strain. 
 
As both ∆σ and ∆E1% are straightforward to observe and correlate precisely (Fig. 5.7) 
either may be used as legitimate measures of the energy damping capacity of a wire 
for the present purposes. As a strain-averaged quantity, ∆σ is a more reliable measure 
of the energy dissipation than the difference between the forward and reverse 
transformation stresses at one fixed strain used previously in the studies on Cu–Al–
Mn [9] and Cu–Al–Be wires [69], since the latter can vary considerably as a function 
of the strain at which they are measured, particularly in polycrystalline SMAs. With 
the new insights gleaned from Fig. 5.7, we can now assert that the results in Fig. 5.5 
and Fig. 5.6, which show a size dependence of ∆σ, also directly speak to a size effect 
in energy dissipation. Furthermore, in the study of the cyclic evolution of size effects 
presented in the following section, ∆E1% is used instead of ; from Fig. 5.7 it is 
understood that these measures are equivalent, in fact some of the data presented in 
Fig. 5.9 were already presented in Fig. 5.5 and 5.6 using Fig. 5.7 for conversion. 
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5.2.3 Evolution of hysteresis size with cycling 
As presented in Chapter 4 the hysteresis size decreases dramatically with cycling and 
reach a steady-state after about 10-20 cycles. Fig. 4.3 also showed that the shakedown 
of the transformation stresses and hysteresis is common to all of our specimens and 
does not seem to change with sample size. However, the size dependence on the 
magnitude of damping discussed in Section 5.1 is recognized when the vertical axis in 
Fig. 4.3 is replaced by  ∆𝐸ଵ%  for the same three wires. This evolution of absolute 
hysteresis size (as opposed to the normalized hysteresis discussed in Chapter 4) is 
shown in Fig. 5.8. Firstly, the initial value ∆𝐸ଵ%ଵ  is observed to depend on wire 
diameter: this is just the data already presented and discussed in Section 5.1. It can be 
seen that ∆𝐸ଵ%ଵ   for the smallest wire with D = 24 µm is 4-5 times larger than that for 
the largest wire with D = 114 µm. Secondly, as the samples all exhibit the same 
fractional attenuation of ∆𝐸ଵ%  upon cycling (Fig. 4.3), the relative differences 
Figure 5.7 The average stress hysteresis ∆σ and the dissipated energy per unit strain, 
∆E1%, exhibit a strong linear correlation, confirming that ∆σ is a legitimate measure of the 
energy dissipation. All data points are from Cu-Zn-Al wires. 
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between them are conserved and the size effect is still present after 50 cycles (Fig. 
5.8). Prior studies on bulk polycrystalline SMAs have revealed a grain size effect to 
appear  on   the  same  size  scale  (below  ~100  μm)  as   the  equivalent  diameters  used   in  
the present study [61, 62, 65, 170]. Furthermore, in the case of Cu-Al-Ni microwires 
[47], the stress hysteresis of the smallest wires (~20 µm) was reported to be ~3-7 
times higher than that for the largest wires (~100 µm) which is similar in magnitude 
to Fig. 5.8 both before and after cycling. 
 
To investigate the size effect evolution with cycling in more detail the values of ∆𝐸ଵ% 
for the 1st and 50th cycles were recorded for the twelve specimens and plotted against 
equivalent wire diameter in Fig. 5.9a. These data show that ∆𝐸ଵ%    increases with 
decreasing diameter for the uncycled specimens, as well as after substantial cycling as 
suggested by Fig. 5.8. The dotted line in Fig. 5.9a represents a power-law fit of the 
form ∆𝐸ଵ% ∝ 𝐷ఈ  where D is the wire equivalent diameter and the exponent 𝛼  is 
found to be about 0.80 for the 1st cycle and about 0.75 for the 50th. The values of 
Figure 5.8 Evolution of the absolute energy dissipation with cycle number N for 3 wires 
with different diameters.  These are the same data from Fig. 4.3, now on an absolute scale. 
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Δ𝐸ଵ%
ଵ  and Δ𝐸ଵ%ହ଴  are summarized in Table 5.1 for all of the wires. The fact that the 
trend is similar for uncycled specimens and after 50 cycles suggests that the size 
effect originates from an intrinsic length-scale characteristic of the martensitic 
transformation and not from any particular microstructural features.  
 
Although the superelastic response evolves with cycling, the dependence of energy 
dissipation on wire diameter appears relatively stable. In comparison to our sample 
size  exponent  of  α  ≈  0.7-0.8, Chen and Schuh [47] found α  ≈  0.54  for Cu-Al-Ni wires 
in a range including wires with larger diameters than in the present study. When only 
wires with diameters between 23 and 109 µm were included, their power-law fitting 
Figure 5.9 The sample size effect on energy dissipation is presented, (a) in terms of the 
equivalent wire diameter, D, and (b) in terms of the absolute dimension of the short wire 
axis, for the 1st and 50th superelastic cycle. The dotted lines represent a power-law fit. 
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yielded  an  exponent  of  α  ≈  0.66,  which  agrees  reasonably  with  our  result  in  Fig.  5.9. 
Any discrepancy may also be associated with subtle details of the wire shape. For a 
perfectly cylindrically shaped specimen, the diameter adequately reflects the decrease 
in the cross-sectional dimensions as well as the reduction in volume to surface ratio. 
However, the present wires occasionally have irregular cross-sections (cf. Fig. 2.3), so 
the equivalent diameter is no longer the only characteristic length that may affect the 
martensitic phase transformation. The major and minor cross-sectional axes (taken to 
be mutually perpendicular) of the wire are obvious candidate lengths, as is the 
volume-to-surface ratio parameter  𝐿 = 4𝑉 𝐴⁄ , where V is the wire volume and A is 
the surface area. As previously done for the equivalent diameter D, a power law of the 
type ∆𝐸ଵ% ∝ Xఈ  is calculated for each of these characteristic lengths (X) and the 
results are reported in Table 5.2. It is interesting to note that the fit is improved (as 
measured by increase in the coefficient of determination, R2) when the minor axis, 
which is the shortest cross-sectional dimension of the fiber, is used as the scaling 
parameter; this is plotted in Fig. 5.9b. What   is  more,   the  exponent  of  α  ≈  0.6-0.7 is 
closer to the value reported by Chen and Schuh [47] for Cu-Al-Ni. There is also a 
slight improvement for L for the first cycle, but this parameter is somewhat coupled 
with the shortest axis; a decrease in L at constant equivalent diameter is only possible 
if the wire assumes a more irregular shape, extending one axis at the expense of the 
other. The fit when using the longest axis is very poor.  
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 1st cycle 50th cycle 
X 𝛼 R2 𝛼 R2 
Long axis 0.50 0.14 0.50 0.19 
Diameter 0.80 0.46 0.75 0.45 
L 0.74 0.50 0.67 0.44 
Short axis 0.75 0.64 0.65 0.50 
Table 5.2 Outcomes from fitting with a power law of the type E1%  X using different 
characteristic lengths X. Characteristic lengths are discussed in Section 2.1.  
 
Following this somewhat indirect indication that the sample size effect may scale with 
the shortest sample dimension, it is interesting to note that the thermally induced 
mean plate width in Cu-Zn-Al has been reported to be 35 µm after 1 cycle and 
decrease to 10 µm after 200 cycles [171]. These values are in the lower end of our 
equivalent diameter range and are better captured by the range of shortest axis.  
Additionally, a reduction of plate size with cycling may also help explain the apparent 
decrease in 𝛼 with cycling; the characteristic length scale of martensite domains may 
decrease while the sample geometry is unchanging, permitting a dynamical cross-over 
in these scales.  
 
In summary there is a size effect in energy dissipation in the size range below ~100 
µm; smaller diameter fibers damp more energy during a full transformation cycle than 
larger diameter fibers. Whereas this effect has been reported in Cu-Al-Ni alloys 
previously [47], the present observations in Cu-Zn-Al establish the generality of the 
physics beyond a specific alloy system and shows that the size effect is present also 
after extensive cycling.  Additionally, we find here that the size effect may depend on 
geometrical details of the wire cross-section, with an apparently better scaling against 
the smallest sample dimension as opposed to the equivalent diameter.   
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5.3 Strain rate effects in small shape memory structures 
The first-order phase transformations in SMAs involve the release and absorption of 
latent heat during the forward and reverse transformations, respectively. As a result, 
heat transfer has long been known to play a critical role in the superelastic properties 
of SMAs.  In this section experiments at different strain rates shows that small-scale 
samples of oSMA brings to light a new regime in which heat transfer has a different 
effect. 
 
The  ‘classical’ heat transfer situation in SMAs, which leads to a classical size effect 
on their hysteresis, is present in conventional ‘bulk’  samples with dimensions above 
about 1 mm.  In such samples, heat transfer is limited by convection.  The slow 
exchange of heat between the sample and the environment results in temperature 
changes within the sample and thus the test is no longer truly isothermal.  Because the 
phase transformations underlying SMA properties are temperature dependent, the 
temperature change directly affects the measured mechanical hysteresis. The effect of 
heat accumulation during superelastic loading in conventional SMAs can be most 
easily revealed by testing them at different strain rates: at slow rates the samples 
remain in thermal equilibrium with the environment, while at faster rates the heat is 
generated/absorbed at a faster pace than it is exchanged.  For example, Otsuka et al. 
found a strong positive correlation between the hysteresis size and the strain rate for 
strain rates between 1.7·10-5 and 1.7·10-2 s-1 in Cu-Al-Ni [6]. Similarly, rate has been 
observed to affect hysteresis shape and size in Ni-Ti with rates varying between 
2.8·10-4-2.5·10-1 s-1, as well as in Cu-Al-Be for two rates of 2.3·10-5 and 1.4·10-2 s-1  
[172, 173]. In Fig. 5.10a we have adapted two typical stress-strain curves for a single 
crystalline Cu-Zn-Al rod with a diameter of 6.25 mm tested at room temperature at 
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3·10-5 s-1 and 6·10-3 s-1; the stain rate effect is evident in this large sample and the 
average hysteresis at the fast rate is about eight times that obtained at the slower rate 
[174].    
 
 
8·10-6 s-1
8·10-5 s-1
8·10-4 s-1
3·10-3 s-1
D = 40 µm
D = 6.25 mm
3·10-5 s-1
6·10-3 s-1
(a)
CLASSIC
REGIME
oSMA
(b)
NO RATE 
EFFECT
RATE 
EFFECT
Figure 5.10 (a) Successive stress-strain curves at four strain rates for a Cu-Al-Ni wire 
with a diameter of 40 µm tested at 60 °C, compared to two stress-strain curves at 
comparable strain rates of a single crystalline Cu-Zn-Al rod with a diameter of 6.25 mm 
from Ref. [174]. (b) Temperature evolution versus sample characteristic length for a 
strain rate of 8·10-4 s-1.  The inset shows a line corresponding to a temperature increase of 
2 °K during the forward transformation in the strain rate-length scale space; this line 
serves as a threshold above which rate effect is expected to emerge. 
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Fig. 5.10a shows superelastic loops of a Cu-14Al-4Ni (wt. %) oSMA wire of 40 µm 
diameter and a gauge length of 2.2 mm, tested at 60 °C. The wire was tested at four 
different strain rates, over a range where strain rate effects have been observed in 
conventional bulk SMAs [172, 173]. Interestingly, stress relaxation during martensitic 
transformation at slow strain rates, such as at 8·10-6 s-1 and at 8·10-5 s-1, can be easily 
seen on the loading curve, and this has not been (and cannot be) observed in other 
tests in this thesis performed at constant force ramping rates [45, 47, 153]. The 
observed stress relaxation reflects the heterogeneous or jerky nature (both spatially 
and temporally) of martensitic transformation, and the large extent of relaxation that 
can occur in such oSMAs at small scales.  It is also noted that Cu-Al-Ni does not 
show the cyclic shakedown of hysteresis shape observed in Cu-Zn-Al, but rather a 
constant repeatable superelasticity, which is probably due to the higher critical stress 
for slip. 
 
However, despite the presence of relaxation at slow rates and the difference in the 
extent of relaxation at different rates, the four superelastic cycles for the oSMA wires 
shown in Fig. 5.10a at these dramatically different rates almost completely overlap 
each other.  This suggests that within the explored rate range, strain rate does not 
affect the measured mechanical hysteresis in such oSMA wires and that heat 
convection is not likely the limiting mechanism in these small structures.  The 
classical rate effect caused by sluggish heat convection in large SMAs does not come 
into play at small length scales (below ~100 µm), because heat is effectively 
exchanged by virtue of the large surface area.  
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Chen and Schuh, in their discussion on physical origins of the size effects seen in 
oSMA Cu-Al-Ni, suggested that these structures, with characteristic dimensions 
below ~100 µm, occupy a unique regime for heat transfer considerations [47]. They 
estimated the temperature evolution in wires as 
𝑇௦௔௠௣௟௘(𝑡) =   𝑇௘௡௩ +
ொ೟೚೟
ఘ஼೛
∙ ఛ
௧బ
ቂ1 − exp  (− ௧
ఛ
)ቃ   (5.6) 
with Tenv the ambient temperature, Qtot the total heat released, 𝜌 the density, Cp the 
specific heat capacity, 𝜏  the thermal time constant incorporating a convection 
coefficient and t0 the time span of the transformation. Using t0 = 60 s (corresponding 
to a strain rate of 8·10-4 s-1 for a total strain of 5 %), Qtot = 4.62·107 J·m-3, 𝜌 = 7140 
kg·m-3, and Cp = 440 J·(kg·K)-1, the temperature increase of a Cu-Zn-Al SMA at the 
end of forward transformation (i.e., t = t0) is calculated as a function of the 
characteristic length scale (which is incorporated into the thermal constant 𝜏 and is 
proportional to 𝜏) and plotted in Fig. 5.10b. As the graph shows, Eq. (5.6) predicts a 
large temperature rise of about 14 K for large samples with a characteristic length 
above roughly 1 mm. For oligocrystalline wires, on the other hand, the temperature 
increase is small; it is at most 2 K for wires with diameters around 100 µm and is 
nearly  negligible  when  the  size  is  reduced  to  20  μm.  
 
We also show in the inset of Fig. 5.10b the partition of the strain rate-length scale 
space into the rate-dependent regime and rate-independent regime as far as the heat 
transfer effect is concerned.  The green line that separates the two regimes is 
determined by solving for t0 in Eq. (5.6) at different characteristic lengths while 
setting the allowed increase in sample temperature to be 2 K and the total strain to 5 
%. In the upper right regime, which corresponds to large length scales and high strain 
rates, the temperature change can be rather significant and rate effects are therefore 
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expected to occur.  In the lower left regime of small length scales and low strain rates, 
heat convection is extremely rapid and thus temperature change is predicted to be 
sufficiently small that rate effects can be neglected.  Therefore the classical rate 
effects known in SMAs should not apply to oSMA wires with fine diameters.   
 
On a side note, the classical rate effects resulting from temperature variations are also 
not expected to be relevant in micromachined single crystalline SMA pillars with 
diameters around or below only one micrometer, but for a different reason [175]. As 
these pillars are only a few micrometers in height and are attached to the substrate 
SMA (they are essentially one piece of material), heat conduction between the pillar 
and the substrate is extremely fast as compared to the convection of heat from the 
pillar to the environment. Therefore heat conduction is the major heat transfer 
mechanism by which heat is released or absorbed in the pillar, and this would be 
sufficiently rapid that the temperature in the pillar remains constant.  In summary, for 
both the present oSMA microwires and the micro- or nano-pillars, the reported 
significant increase in mechanical hysteresis discussed in previous sections in this 
chapter is not related to temperature variations.  
 
The present data on strain rate independence of the mechanical hysteresis also have 
significant implications for the physical origins of the hysteresis itself and the true 
cause for the observed size effect in hysteresis shown in Figs. 5.5, 5.6 and 5.9, now 
that heat transfer has been ruled out as a primary cause in small oSMA structures.  As 
the mechanical energy corresponding to the area within the hysteresis loop is 
essentially lost to the environment as heat, the increase in hysteresis in small oSMA 
structures must result from an increase in the generated heat during isothermal 
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transformations.  This is in line with the discussion in Section 5.1 where the increase 
in heat generation is directly related to the increase in obstacles density per unit 
volume sampled by the austenite/martensite interface in smaller wires. 
5.4 Effect of surface roughness on energy dissipation 
This chapter has presented several size effects; in particular the size effect in energy 
dissipation was shown to scale closely with the surface-to-volume ratio and the 
increased damping in small wires was attributed to the increased sampling of surface 
obstacles. All measurements of superelastic hysteresis size presented previously in 
this thesis were made on wires with an as-prepared surface finish (not 
electropolished). It is the objective of this section to study the correlation between 
surface roughness and superelastic response in Cu-Zn-Al microwires. 
 
Most investigations on surface roughness in SMAs have been on bulk samples and 
have focused on fatigue [176], corrosion [177] and surface chemistry [178]. 
Furthermore, due to the use of shape memory materials in medical devices, atomic 
force microscopy (AFM) has been used to study the impact of surface finish on 
cellular behavior [179, 180]. Among the few studies that correlate surface roughness 
with thermomechanical characteristics, Chmielus et al. studied Ni-Mn-Ga [181]. They 
found that polished samples showed serrated stress-strain curves, while those of 
unpolished samples were smooth, and that polished samples exhibited lower twinning 
stress [181]. Meanwhile, hysteresis size and shape depends on factors such as grain 
size [182], phase compatibility [183] and second phase particles [184, 185], as well 
as, in small scale samples, the surface-to-volume ratio [160]. It is the objective of this 
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chapter to study the correlation between surface roughness and the shape of the 
superelastic stress strain curve in Cu-Zn-Al microwires.  
 
Fig. 5.11 shows atomic force microscopy (AFM) topography images of an unpolished 
and a polished wire. As in the micrograph in Fig. 2.2b, valleys running parallel to the 
wire axis characterize the unpolished wire. The polished wire in Fig. 5.11b shows a 
smooth surface, much like the microsgraph in Fig. 2.2c, where the roughness 
associated with processing is removed. To obtain quantitative measures of surface 
roughness we determine the commonly used parameters Rq and Ra, which were 
calculated after subtracting the wire curvature using a 1st order flattening.  The root 
mean squared surface roughness parameter Rq was found to be 10 and 125 nm for the 
polished and unpolished wires, respectively. Similarly, Ra was calculated to be 7 and 
Figure 5.11 Atomic force microscopy (AFM) scans showing surface topography (a) 
before and (b) after electropolishing. 
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88 nm for the polished and unpolished wires. In comparison, the surface roughness 
parameter Ra in commercial Ni-Ti wire was found to lie between 23 and 281 nm 
[186] and between 100 and 350 nm in orthodontic wires [187]. 
To investigate the role of surface roughness on superelasticity we cut one of the as-
drawn wires in two parts and electropolished one of the halves, but not the other. The 
diameter of the unpolished wire (rough surface) was 80 m and that of the polished 
wire (smooth surface) was 41 m, due to the removal of surface layers. These two 
wires were then tested in tension at 35 C in a dynamic mechanical analyzer (DMA 
Q800 from TA instruments) operated in controlled force mode at a strain rate of 10-4 
s-1 during transformation. The gauge lengths were 8.2 and 5 mm for the polished and 
unpolished wires, respectively. Fig. 5.12a shows superelastic stress strain curves of 
the rough and smooth wires for the first cycle (not previously deformed). The slopes 
of the transformation plateaus are similar (600 MPa) but the forward plateau is at a 
higher stress and the reverse plateau is at a lower stress for the rough wire compared 
to the smooth wire. The stress to induce martensite is 26 and 20 MPa for the rough 
and the smooth wires, respectively, and the rough wire shows a much larger hysteresis 
size than the polished wire. The strain-averaged vertical hysteresis sizes are 21.5 MPa 
and 8.5 MPa for the rough and polished wires, respectively; the energy dissipation of 
the two wires differ by a factor of 2.5. The properties of Cu-Zn-Al and many other 
SMAs evolve with cycling before they reach a somewhat stable response after about 
ten cycles [153]. Fig. 5.12b shows the superelastic curves from the tenth cycle where 
the curves have reached a steady state [153]. Interestingly, the forward plateaus are 
now similar. However, the difference between the two reverse plateaus is still large. 
In fact, their energy dissipation still differs by a factor of 2.5 (hysteresis sizes are now 
11.3 and 4.7 MPa for the rough and the polished samples). 
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In Chapter 2, EBSD results were presented and it was shown that these wires exhibit a 
bamboo grain structure, where grains are randomly oriented and have average aspect 
ratios of about 3. This means that the wires sample about 20 and 70 grains (rough and 
polished wires, respectively) and we therefore believe that factors such as grain size 
and orientation play only minor roles in affecting SMA properties. Furthermore, since 
Figure 5.12 True stress strain curves from the (a) first and (b) tenth cycle showing 
superelasticity of polished and not polished wires. Both samples were cut from the same 
initial wire and had diameters of 80 (unpolished) and 41 m (polished). 
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both samples were cut from the same wire, composition and internal microstructure, 
e.g. dislocation density, are assumed to be similar. Lastly, this chapter has shown that 
that smaller wires in this size range exhibit larger hysteresis than larger wires. In 
Section 5.1 this size effect was ascribed to the increased sampling of obstacles at the 
wire surface by the austenite/martensite interface. Contrary to this, however, the 
diameter of the polished wire in Fig. 5.12 is finer (due to removal of surface layers by 
electropolishing) than the unpolished wire, but still dissipates less energy than the 
rough wire. After ruling out microstructural and compositional differences as well as 
size effects we therefore believe that the difference in hysteresis size between the two 
wires is due to the difference in surface roughness.  
 
In SMAs, frictional energy is dissipated as heat when the austenite/martensite 
interface moves past obstacles [165]. In line with this, hysteresis size has been shown 
to decrease with increasing degree of crystal perfection [165]. In Section 5.1, the 
sampling of obstacles at the wire surface was put forward as the dominant source of 
energy damping small scale SMAs. Because electropolishing reduces surface 
roughness it appears reasonable to assume that it reduces both the amount as well as 
the  ‘frictional  potential’  of  obstacles  at  the  surface.  Based  on  the  above  we  interpret  
the results of Fig. 5.12 in the following way: the smoother the wire surface, the fewer 
obstacles there are, and because fewer (and less potent) obstacles are bypassed by the 
moving austenite/martensite interface less energy is dissipated during a superelastic 
cycle. This result also has important practical implications, all the time high damping 
is desired in many applications, such as impact absorption [188], but unwanted in 
others, such as actuation and energy harvesting [183]. The ability to tailor the degree 
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of damping by simply controlling surface roughness can therefore be very useful, 
especially as SMAs find use in structures with large surface areas [189]. 
To demonstrate the generality of the observations from Fig. 5.12 we now show data 
from superelastic curves for several polished and unpolished wires. In Fig. 5.13 we 
plot the strain-averaged vertical hysteresis size for wires with a range of diameters. 
The general trend is observed to be the same as for the wire presented above: wires 
with a smooth, polished surface dissipate less energy than wires with rough surfaces. 
Furthermore, many of the polished wires show a hysteresis size of about 5-10 MPa, 
which is similar to single crystalline bulk samples of Cu-Zn-Al [190]. This means that 
even though the wires are in a size range where properties have been shown to be 
surface-controlled, electropolishing mitigates this effect by removing surface 
obstacles. On the other hand, some of the polished wires show a hysteresis size 
comparable to the rough wires and these wires are in the lower end of the diameter 
range studied. These outliers may suggest that electropolishing simply translates the 
size effect in damping to a smaller scale, not well captured in the present study. In 
line with this, submicron Cu-Al-Ni pillars show increased damping, despite having 
smooth surfaces [75]. 
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In summary we show that energy dissipation in Cu-Zn-Al microwires may be tuned 
by controlling surface roughness. This is important experimental evidence of the 
relation between hysteresis size and obstacle density/potency and demonstrates that 
properties in small SMA structures are surface-controlled. In particular it supports the 
conclusion of Section 5.1, where increased damping was attributed to the increased 
sampling of surface obstacles in small wires due to the increase in surface-to-volume 
ratio. 
Figure 5.13 Strain-averaged hysteresis size in Cu-Zn-Al microwires plotted against wire 
diameter for polished and not polished wires. 
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Chapter 6:  Conclusions 
The formation of an oligocrystalline grain structure in shape memory alloys has 
previously been explored in geometries such as wires, foams and sheets. These 
studies are interesting from a scientific perspective, due to the reduction in length 
scale, as well as from an engineering viewpoint, owing to their coupling of high 
performance and low cost. While the studies on oligocrystalline structures have 
shown great promise they are very few in number and limited to single cycle 
thermomechanical experiments. On the one hand, this thesis attempts to better 
understand the correlation between microstructure, size and properties in Cu-based 
SMAs through the combination of in situ observations and thermomechanical 
experiments. On the other hand, a wide range of properties relevant to practical 
applications is explored to determine the commercial viability of oligocrystalline 
shape memory alloys. The relevant conclusions of this thesis are summarized below. 
 
 The proposal that the oligocrystalline structure can alleviate the intergranular 
fracture problem of polycrystals is verified in two different alloy systems (Cu-
Zn-Al and Cu-Al-Ni). The thermomechanical properties of Cu-based shape 
memory alloy microwires are shown to outperform their polycrystalline 
counterparts, approaching single crystal behavior. This is true, not only for 
superelasticity, but also for the shape memory effect, the two-way memory 
effect and fatigue. Fatigue fracture is found to be mainly intergranular. 
 A wide range of processing and characterization techniques relevant for the 
practical use of oSMAs is presented. This includes the adaptation of an 
electropolishing technique to small wires and the study of how hysteresis size 
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decreases with reduced surface roughness. Furthermore, experiments of how 
properties evolve with repeated cycling are presented and it is found that there 
is a transient shakedown period during which the transformation stresses shift 
and the hysteresis decreases, after which the response stabilizes.  Training is 
also shown to increase the two-way memory effect and this is related to the 
ease of plate nucleation with superelastic training. 
 The in situ experiments of martensite transformation morphology in single 
crystal regions as well as near grain boundaries and triple junctions provide an 
opportunity to observe the effect of grain constraint without the full 
complexity of a polycrystalline microstructure and in greater detail than 
before. Single crystal regions are found to fully transform and martensite 
plates are observed to span the wire cross section. Grain boundary regions are 
found to effectively stop the transformation and only partially transform. They 
are also commonly observed to be nucleation sites. The complexity near triple 
junctions is found to be higher than near simple grain boundaries; in particular 
the nucleation of a second martensite variant from the triple junction is 
evidence of the stress concentrations created by the incompatibility of 
transformation strains. Finite element modeling confirms that martensitic 
transformation of grains in contact with other grains results in large stresses at 
grain boundaries. 
 Several size effects are observed in the size range from 20 to 150 m. This 
range has rarely been studied in SMAs and never using in situ scanning 
electron microscopy experiments. Firstly there is a size effect in energy 
dissipation; smaller diameter fibers damp more energy during a full 
transformation cycle than larger diameter fibers. Secondly, a transition from 
 
 
131 
multi-domain to single-domain transformation morphology is observed as the 
wire diameter is decreased.  The transition from a nucleation-dominated to a 
monolithic morphology is related to the ease of domain growth: the fewer 
obstacles the interface encounters, the more domain growth. Furthermore, the 
in situ observations are used to rationalize the sample size effects in hysteresis 
size based on the frictional energy dissipated when obstacles are bypassed by 
the austenite/martensite interface: the smaller the wire, the more obstacles are 
sampled on a per volume basis, and the larger the hysteresis size. 
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Chapter 7:  Directions for future work 
This thesis explores the thermomechanical properties of shape memory alloy 
microwires with a bamboo microstructure in conjunction with in situ observations of 
the phase transformation. The development proceeds to the point where the majority 
of the common characterization techniques have been examined and compared to 
samples with other microstructures. In addition to this, novel insights are gleaned 
from the microscopic observations. Avenues of further research that show potential 
include more detailed investigations of the same nature and an extension to smaller 
samples. Furthermore, the processing and characterization of larger scale structures 
based on SMA microwires is very interesting from a practical standpoint. In particular 
the following topics are highlighted: 
 
 The range of wire diameters studied in this thesis is roughly from 20 to a 
few hundred micrometers. While the upper end of this range smoothly 
connects to literature data for bulk single and polycrystalline samples the 
range below 20 m still remains unexplored. This again connects to the 
many size effects appearing in this size range. As of now, the results for 
microwires must be extrapolated in order to compare them to other 
samples. A study of how the superelastic properties in wires with 
diameters between 1 and 20 m would be very interesting, especially in 
better understanding the physics of the size effect discussed in Chapter 5. 
 Chapter 3 and 4 show that oligocrystalline structures outperform bulk 
polycrystalline Cu-based alloys and approach single crystalline behavior. 
These alloys are made out of relatively inexpensive elements and 
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fabricated in a potentially cheap way. If long wires can be made they may 
therefore offer excellent shape memory properties at a substantially lower 
cost than the market-dominant Ni-Ti. The processing and characterization 
involved in the scale-up of the Taylor liquid drawing technique and the 
assembly of more complex structures such as cables and fabrics therefore 
constitutes, perhaps, the most interesting avenue for further research. 
 This thesis presents the first exploration of how surface roughness affects 
shape memory properties and in particular hysteresis size. However, the 
number of samples tested is limited and the thesis only studies polished vs. 
unpolished wires. It would be very interesting to investigate the impact of 
surface roughness by testing wires with a range of surface roughness under 
otherwise identical conditions. 
 The in situ observations of grain boundaries and triple junctions presented 
in Chapter 4 does not control for grain orientation. Martensite morphology 
around such microstructural features is likely highly dependent on crystal 
orientation and this could be studied by employing EBSD. 
 Cu-Zn-Al and Cu-Al-Ni are the two alloys studied in this thesis. Other Cu-
based alloys, such as Cu-Mn-Al and Cu-Al-Be, could also be studied as 
well as other alloy families, not based on Cu. In particular, the Fe-based 
alloys are interesting because of their low cost, but their transformation 
temperatures render their drawing difficult in most available glass types. 
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Appendix A: In situ scanning electron images 
A.1 Raw in situ scanning electron microscopy images 
 
 
 
 
Figure A.1 Stress-induced martensite morphology in wire with diameter of 32 m 
showing the local strain in the grain undergoing the transformation. This is the same 
image as Fig. 3.1, but without contrast enhancement. 
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Figure A.2 Stress-induced martensite morphology near a grain boundary in a wire with a 
diameter of 32 m. The local strain is measured between the points indicated by two red 
circles in panel (a). M1 and M2 in panel (e) denote two different martensite variants in the 
right grain. The angles in panels (e-f) are a = 60, b = 45 and c = 45 ± 3°. The angles are 
local angles measured at the bottom of the wires; they do not correct for wire curvature. 
This is the same image as Fig. 3.2, but without contrast enhancement. 
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Figure A.3 Stress-induced martensite morphology near a grain boundary in a wire with a 
diameter of 116 m. Panels (a-f) are from the loading whereas panels (g-j) are from 
unloading. The local strain is measured between the points indicated by two red circles in 
panel (a). This is the same image as Fig. 3.4, but without contrast enhancement. 
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Figure A.4 Stress-induced martensite morphology near a triple junction in a wire with a 
diameter of 150 m. The tensile stress is in the horizontal direction and the wire is already 
under stress in the first panel. This is the same image as Fig. 3.5, but without contrast 
enhancement. 
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Figure A.5 Stress-induced martensite morphology in the same wire as in Figure A.1 but 
for the fifth superelastic cycle. The local strain is measured between two grain boundaries. 
This is the same image as Fig. 4.5, but without contrast enhancement. 
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Figure A.6 In situ scanning electron microscopy images showing the evolution of 
martensite morphology during a superelastic cycle at room temperature. The wire is Cu-
Zn-Al with a diameter of 116 µm and the dashed red lines mark grain boundary locations. 
Images from loading are on the left and unloading are on the right. This is the same image 
as Fig. 5.1, but without contrast enhancement.  
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Figure A.7 In situ scanning electron microscopy images showing the evolution of 
martensite morphology during a superelastic cycle at room temperature. The wire is Cu-
Zn-Al with a diameter of 21 µm and the dashed red line marks a grain boundary location. 
Images from loading are on the left and unloading are on the right. This is the same image 
as Fig. 5.2, but without contrast enhancement. 
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Appendix B: Crystallographic theory of martensite 
B.1 Transformation matrices for the cubic to monoclinic transformation in Cu-Zn-Al 
 
 
𝑈ଵ = ൝  
𝛼 𝛿 0
𝛿 𝛽 0
0 0 𝛾
    ൡ      𝑈ଶ = ൝  
𝛼 −𝛿 0
−𝛿 𝛽 0
0 0 𝛾
    ൡ 
 
𝑈ଷ = ൝  
𝛽 𝛿 0
𝛿 𝛼 0
0 0 𝛾
    ൡ           𝑈ସ = ൝  
𝛽 −𝛿 0
−𝛿 𝛼 0
0 0 𝛾
    ൡ 
 
𝑈ହ = ൝  
𝛽 0 𝛿
0 𝛾 0
𝛿 0 𝛼
    ൡ      𝑈଺ = ൝  
𝛽 0 −𝛿
0 𝛾 0
−𝛿 0 𝛼
    ൡ 
 
𝑈଻ = ൝  
𝛼 0 𝛿
0 𝛾 0
𝛿 0 𝛽
    ൡ       𝑈଼ = ൝  
𝛼 0 −𝛿
0 𝛾 0
−𝛿 0 𝛽
    ൡ 
 
𝑈ଽ = ൝  
𝛾 0 0
0 𝛼 𝛿
0 𝛿 𝛽
    ൡ          𝑈ଵ଴ = ൝  
𝛾 0 0
0 𝛼 −𝛿
0 −𝛿 𝛽
    ൡ 
 
𝑈ଵଵ = ൝  
𝛾 0 0
0 𝛽 𝛿
0 𝛿 𝛼
    ൡ     𝑈ଵଶ = ൝  
𝛾 0 0
0 𝛽 −𝛿
0 −𝛿 𝛼
    ൡ 
 
 
 = 1.0101,  = 1.0866,  = 0.015,  = 0.9109 (Chakravorty and Wayman [28, 129]) 
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